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“You must do the thing you think you cannot do.”
Eleanor Roosevelt
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ABSTRACT
Radioisotope thermoelectric generators (RTGs) have been an enabling technology for the
exploration of deep space since the dawn of the Space Age. Since its first deployment in a
meteorological satellite in the late 1960’s, RTGs have been used to provide solid-state,
maintenance-free power to 27 American spacecraft and scientific instruments. While showing
great success in the past, the future usage of thermoelectric devices is limited by the low operating
efficiencies and the use of hazardous or expensive materials, limiting the use of thermoelectric
technologies to niche applications such as space exploration. Current research efforts that address
these disadvantages have focused on the creation of nanostructured materials, where the
thermoelectric properties can be finely tuned and quantum mechanics can offer properties not
observed in traditional materials. The present work begins to look at the prospects of
nanostructured polymer-derived ceramic (PDC) systems for their future use in thermoelectric
devices. Such a system could provide not only a lightweight, environmentally friendly alternative
to the aerospace industry, but it could also find application on Earth in renewable energy
technologies. To begin the process of developing such a polymer-based system for bulk
thermoelectric materials, this dissertation has investigated the prospects of utilizing graphene
networks encased in a silicon oxycarbide (SiOC) matrix. The effects of graphene content and
synthesis route on the resulting material properties of SiOC nanocomposites are explored. The
structural, thermal, electrical, and mechanical properties of these systems are presented and
discussed. This early-stage research on the development of SiOC ceramics for thermoelectric
materials concludes with lessons learned and future directions that can be taken towards the
successful development of polymer derived ceramics for thermoelectric applications.
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1. INTRODUCTION
*Adapted from: Barrios, E.; Zhai, L. (2020). Embedded Graphene-Silicon Oxycarbide Porous
Ceramics for Thermoelectric Applications, 71st International Astronautical Congress, submitted
to the conference proceedings on August 30, 2020.
1.1

Motivation

Space exploration requires technological concepts and ideas that extend far beyond what is
required on Earth. Earth-based operations are simple – they have a wonderful atmosphere to
protect from radiation, gravity to provide fluid flow to plants, and easy access to the Sun for
continuous solar power – to name a few. However, placing any operation into the environment of
space introduces a significant amount of new technological challenges and hurdles that must be
overcome in order to successfully explore the depths of space.1 One such challenge is in the area
of energy generation and storage. Energy based systems comprise around 1/3rd of the total mass of
any given spacecraft, making it no surprise that this is a key area of technological development
within the space industry.2 Every mission into space exploration requires a constant supply of
electrical energy in order to provide power to the numerous electrical systems onboard a craft,
regardless of whether it is a crewed or robotic exploration vehicle or payload. This requirement is
made even more challenging during the consideration of deep space exploration, where many of
the resources used during low-Earth orbit missions become unavailable. Such resources that
become scarce during the exploration of deep space include the lack of availability of solar power,
the inability to service a malfunctioning power system, and the need for an extremely long-duration
supply of power. To address such problems, the space industry has employed the use of
thermoelectric generators, where electrical energy is supplied due to the presence of a thermal
1

gradient and operates on the basis of the Seebeck effect.3–6 Since their first use in the 1960’s to
power a meteorological satellite, radioisotope thermoelectric generators (RTGs) have been an
enabling technology in space exploration.
Since their first mission in the early 1960’s, the RTG has been used on 27 different
American spacecraft, with more on the horizon including the upcoming Mars 2020 (Perseverance)
mission.7,8 Currently, the Multi-Mission Radioisotope Thermoelectric Generator (MMRTG) is the
state-of-the-art device used by NASA (Figure 1.1).9–11 First used on the Mars Curiosity rover
(launched 2011), this RTG is composed of three main parts: (a) the stack of General Purpose Heat
Source (GPHS) blocks that contain the radioactive heat source (i.e Plutonium-298), (b) the
thermoelectric module containing the thermoelectric couples that promote the energy conversion
process, and (c) a radiator unit to promote the heat transfer of the cold atmosphere to the cold-side
of the thermoelectric module (Figure 1.2). When it comes to improving the performance of an
RTG, many researchers in the materials science community focus on the materials that comprise
the thermoelectric module (Figure 1.3).

2

Figure 1.1 The Mars Science Laboratory (Curiosity) rover self-portrait showing the MMRTG (arrow). Credit:
NASA/JPL-CalTech/MSSS.

a

Figure 1.2 Expanded view of the Multi-Mission Radioisotope Thermoelectric Generator. Point (a) showcases the
General Purpose Heat Source blocks that contains the Plutonium-268 core. Point (b) showcases the thermoelectric
module that is of interest in this study. Point (c) showcases the radiator unit to assist in the heat transport to maintain
a cold-side surface on the thermoelectric module. Credit: NASA/JPL-CalTech.

3

Figure 1.3 Schematic of thermoelectric modules, indicating the thermal and electrical circuits as well as direction of
electrical current flow. Reprinted with permission from Ref. [11]. Copyright 2008 Springer Nature.

For the MMRTG deployed on Curiosity and Perseverance, the thermoelectric module used
thermocouples composed of lead telluride (PbTe), lead tin telluride (PbSnTe), and tellurides of
antimony, germanium, and silver (TAGS).7,9 This device was a massive 45 kilograms in weight
and had an operational efficiency of approximately 6% at the beginning of mission (BOM), with
110 W of electrical power and 2000 W of thermal power supplied to the rover.12,13 The newest
RTG proposed by NASA is the enhanced MMRTG (eMMRTG).12–14 This new design is suggested
to improve the beginning of life power by >25% and the end of mission power by >50%, with the
main design change being the replacement of the PbTe/PbSnTe/TAGS thermocouples with new
skutterudite thermocouples. While this is a notable increase in the performance of RTG
technologies, the overall efficiency is only improved by 2%, indicating that there is still a lot of
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potential for new thermoelectric technologies to revolutionize such solid-state energy conversion
both in space and on Earth.
The success in the maturation of skutterudite materials for thermoelectric devices revealed
key considerations related to material design and structure for future iterations of thermoelectric
materials. The skutterudite structure is considered to be of cubic nature (space group lm-3),
containing eight AB3 groups. The A group is typically a transition metal whereas the B group is
typically a pnictide element. The most common type of skutterudite material is that of CoAs3 or
CoSb3.15–17 These binary skutterudites have diamagnetic properties, narrow band gaps (~0.2 eV),
high carrier mobilities, and are generally inexpensive when compared to traditional thermoelectric
materials (Figure 1.4). The downside is that these materials only offer a marginal improvement in
their efficiency as a thermoelectrica material, as can be observed in Equation 1.1.

𝑆 2 𝜎𝑇

𝑍𝑇 = (𝜅

( 1.1 )

𝑒 +𝜅𝑙 )

Equation 1.1 describes the determination of the thermoelectric potential of any material
system via a dimensionless figure-of-merit, ZT. This dimensionless parameter enables an easy
comparison between different material systems, as well as a back-of-the-envelope determination
of the operating efficiency of a specific system as ZT scales with efficiency.5,18,19 Current
thermoelectric materials deployed in RTGs have a ZT of around 1 (6-10% efficiency), with a
maximum experimental value of 2 reported in literature for developmental materials.3,5,20,21 It is
suggested that the ideal thermoelectric material will possess a ZT value of around 3 and can be
bulk manufactured, while also using materials that are less toxic and expensive. However, by
5

observing the relationships presented in Equation 1.1, it becomes readily apparent that any
improvement in the thermoelectric efficiency of a material possesses significant hurdles that must
be overcome. This is why binary skutterudites were modified further at the nanoscale in an attempt
to decouple many of these competing factors, which are described in detail below.

Figure 1.4 Cost comparison of common materials used for the construction of thermoelectric materials, where the
skutterudites are shown in red. Reprinted with permission from Ref. [16]. Copyright 2017 Elsevier.

Several actions must occur simultaneously within a material in order to observe a
significant increase in the ZT value: (1) the thermoelectric power factor (S2σ) must be increased
while (2) simultaneously decreasing the thermal conductivity (κ) of the material. Yet obtaining
such a change in these parameters is nearly impossible using conventional methods and ideals due
to the fact that a decrease in the thermal conductivity of a material often simultaneously decreases
the electrical conductivity of a material by means of decreasing the material’s carrier mobility;
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increasing the electrical conductivity by means of an increase in the carrier concentration of a
material will simultaneously decrease the Seebeck coefficient; and imparting a high effective mass
to increase the Seebeck coefficient simultaneously decreases the carrier mobility and electrical
conductivity.22 To this end, many new thermoelectric technologies focus on decoupling the
electron and phonon transport within the material to achieve “phonon glass-electron crystal”
(PGEC) behavior.5 This can be achieved by means of nanostructuring, forcing a material to behave
on the principle of quantum confinement.22,23 Details related to basic thermoelectric theory and
quantum confinement as they pertain to the present research are presented in Appendix A.
The manipulation of the skutterudite structure at the nanoscopic level has proven that it is
possible to decouple many of these parameters that were discussed above and provides a solid base
of knowledge that can be utilized for the nanostructuring of other material systems. The unique
skutterudite structure enables the inclusion of filler atoms that only weakly bind to the skutterudite
framerwork and can act as Einstein oscillators to scatter phonons.24 The use of these Einstein
oscillators signficantly reduces the lattice contirubiton to the overall thermal conductivity of the
material. In some cases, multiple types of fillers possessing different weights, sizes, and vibrational
frequencies can be added to the structure to scatter phonons over a wider range of
frequencies.15,16,23 The ability to fill the skutterudite structure with such a range of atoms enables
the production of both p- and n-type semiconductors, promoting the formation a thermoelectric
couple with a high thermoelectric quality. The ZT values of a variety of filled p- and n-type
skutterudite materials are evaluated as a function of temperature and are shown in Figure 1.5. This
type of nanostructuring and manipulation of the thermal and electrical properties of the
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skutterudites provides the foundation of the experimental approach taken in this work, as will be
described in detail in the following sections.

(a)

(b)

Figure 1.5 ZT vs T of skutterudite based (a) p-type and (b) n-type materials. Reprinted with permission from Ref.
[16]. Copyright 2017 Elsevier.

Identifying new classes of materials suitable for thermoelectric energy conversion focuses
on materials that have the potential to offer less toxic, less expensive alternatives to the
PbSe/PbAgSn/TAGS/Skutterudites currently in use. At the same time, these efforts are also
focusing on finding solutions to enhance the operational efficiency of a thermoelectric device,
even when presented with low quality waste heat.22 The work presented in this dissertation aims
to shed light on the possibility of utilizing nanostructured polymer derived ceramics (PDCs) for
use in future thermoelectric applications. Providing a high degree of flexibility in chemistry,
microstructure, physical properties, and fabrication mechanisms, the PDC structure can be
thoughtfully designed to operate for specific operations. The remainder of this chapter aims to
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discuss in detail the structural development of polymer derived silicon oxycarbide (SiOC),
providing a base of knowledge that becomes crucial in understanding the results presented in later
chapters. Such a detailed discussion of the SiOC structure also provides insight into the many ways
the SiOC structure can be manipulated to one day perform as a highly efficient, low cost, nontoxic thermoelectric material. In addition, a brief discussion relating these structural considerations
to the semiconductor properties of the SiOC system will be provided. Finally, this chapter will
conclude by outlining the experimental approach taken in this research.
1.2

Polymer Derived Ceramics in Energy Generation Applications

*Adapted from: Barrios, E.; Zhai, L. A Review of the Evolution of the Nanostructure of SiCN
and SiOC Polymer Derived Ceramics and the Impact on Mechanical Properties. Mol. Syst. Des.
Eng., 2020, Accepted Manuscript.25
For nearly 50 years, the ceramics research community has devoted a significant amount of time
and effort towards the development, understanding, and integration of silicon-based ceramics
derived from preceramic polymers.26–29 Dating back to the 1970s, PDCs were first used to create
silicon carbide ceramic fibers from polycarbosilanes.27–30 Since this discovery, many research
efforts have been undertaken to develop such ceramic systems for use in many highly technical
applications such as catalysis26,31–39, drug delivery systems40–43, MEMS devices44–53, battery
anodes26,54–62, and thermoelectrics63,64.
A PDC is created through the pyrolysis of an organosilicon polymer at relatively low
temperatures (ca. 1000°C). The development of a ceramic system through such a process results
in the creation of a nanostructured ceramic, where the nanostructure is controlled through changes
in polymer chemistry, polymer structure, and ceramitization processes.26,65–70 This unique
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approach to creating a ceramic system eliminates the need for sintering additives, which
overcomes some of the limitations that are often imposed on traditional ceramic systems. Such an
approach also results in the production of ceramics with a relatively high oxidation69,71–74 and
corrosion resistance67,75,76. In addition, the PDC route to creating ceramics leads to the
incorporation of a high amount of free carbon into the ceramic structure77, which further supports
the oxidation and corrosion resistance of the ceramics while also introducing stead-state creep
behaviour26,30,68,78, high thermal stability68,69,79, and tunable electrical54,80–83 and optical
properties84,85. With the large number of polymeric precursors available for the PDC fabrication
process, in addition to the ability to further modify these polymers with functional substituents and
nanomaterials, the level of molecular control over the nanostructure of a PDC is unmatched in any
other system, making them intriguing for the development of next-generation materials.86,87
In order to fully utilize the PDC system and take advantage of its great design flexibility,
it is necessary to fully understand how chemical and physical changes to the polymeric precursor
affect the resulting nano- and microstructure of the ceramic, as well as its corresponding physical
response. Such an understanding could lead to the intelligent design of a ceramic for specific
applications.
1.2.1

The Silicon Oxycarbide Structure

The polymer-to-ceramic conversion process happens via pyrolysis (i.e. solid-state
thermolysis), typically at temperatures around 1000°C where most of the organic moieties are
removed from the system.88 Upon the completion of this conversion process (i.e. ceramitization),
PDCs appear to be amorphous, glass-like structures owing to the original structure of the polymeric
precursor.69,89 However, examining these structures at multiple length scales indicates a complex,
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heterogeneous ordering with nanoscaled dimensions (typically 1-6 nm).30,69,90–92 Depending on the
chemistry of the preceramic polymer, this nanoscaled ordering is known to be persistent beyond
1500°C.70 While these nanodomains have a variety of compositions depending on the nature of
the starting polymer, the one thing that remains consistent among all of the classes of PDCs is the
presence of a large amount of carbon in the final ceramic. This carbon presents itself as either sp2hybridized carbon (also known as free carbon, segregated carbon, excess carbon, or in situ carbon)
or as sp3-carbon (also known as carbidic carbon).77
It is well known that the carbon within a PDC strongly influences the physical properties
of the PDC system as it simultaneously affects the development of other phases such as Si 3N4,
SiC, and SiO2. Earlier works that studied the inclusion or omission of the free carbon phase in both
SiCN and SiOC PDCs have illustrated how essential this phase was for inhibiting crystallization,
modifying the carbothermal reactivity, and resisting oxidation.93–96 For example, researchers have
found that an increase in the free carbon content in a SiCN ceramic led to a higher resistance to
crystallization, even when exposed to high temperatures.95 For the poly(silylcarbodiimide) system
explored in this work, β-SiC did not separate from the amorphous SiCN matrix until temperatures
beyond 1500°C were reached. Additionally, an increase in the free carbon content in this system
prevented the formation of a β-Si3N4 phase. When a SiOC system was fabricated to contain a high
concentration of free carbon, a percolated graphitic network was formed and strongly suppressed
carbothermal reduction reactions while simultaneously introducing viscoelastic behavior to this
ceramic.97,98 When the effects of free carbon were analyzed in SiCN thin films, it was found that
a high concentration of free carbon acted as a diffusion barrier to resist crystallization. This
behavior resulted in the production of a more viscoelastic ceramic when compared to ceramics
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containing a low concentration of free carbon.95,96,99 These effects and more will be detailed in the
following sections.
In addition to the many experimental studies presented in literature, there have also been
many efforts to study the energetics and thermodynamics of the nanophase formation within PDCs.
Many studies related to the energetics of the structural development of the PDC systems suggest
that the initial amorphous nature of a PDC is the result of thermodynamically metastable phases
being present.69,79 Upon annealing of these systems to higher temperatures, the degree of resistance
to crystallization is shown to be tied to the energetics associated with the formation of each possible
nanodomain in the ceramic structure. This can be further altered by modulating the quantity and
structure of the free carbon phase, along with the addition of dopants or external fillers (i.e. the
formation of nanocomposites).63,79,80,87,100,101
1.2.1.1 Structure Evolution upon Ceramitization
SiOC has historically been referred to as a black glass, owing to the incorporation of a large
amount of carbon into the silica glass structure, which resulted in the production of a completely
black solid.102,103 The SiOC ceramic must be created via a polymeric or sol-gel precursor route.
This is due to the fact that classical ceramic processing methods aimed at melting a silica glass in
the presence of carbon containing species (i.e. carbon black or graphite) failed at producing the
desired SiOC structure because of the low solubility of carbon in silica.75,92,104,105 The success of
creating a SiOC ceramic via the PDC route was achieved through the pyrolysis of organosubstituted polysiloxanes –[Si(R2)-O]n- or polysilanes modified with oxygen-containing functional
groups –[Si(OR3)]n-.78 During its conversion into a ceramic material, anionic substitution of the
oxygen atoms (divalent) with carbon atoms (tetravalent) occurred in the preceramic polymer. This
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enabled the production of a system with higher bond densities and often corresponded to an
increase in the physical properties of the system such as viscosity, elastic modulus, and hardness
when compared to its vitreous silica counterparts.106–108 In a non-oxidizing atmosphere, the Si-C
bonds of the polymeric backbone are maintained while Si-O bonds are formed during
ceramitization. These types of structural changes led to the formation of a nanostructure that
consisted of a primary amorphous SiOC matrix with the composition of SiCxO2(1-x).102 In a
perfectly stoichiometric system, it was proposed that only this tetrahedrally coordinated phase was
present and a homogeneous nanostructure would form, containing all possible variations of the SiO-C bonding configurations.92,98,109,110 However, many SiOC ceramics have been found to be
heterogeneous at the nanoscale, owing to non-stoichiometric chemistries and variations in
processing conditions.92 Modifications to the chemistry and processing conditions of SiOC
ceramics led to the formation of the following additional nanoscaled phases: amorphous silica (aSiO2), free carbon (Cfree), amorphous or crystalline silicon carbide (SiC), and interfaces of SiO475,103,111,112
nOn.

While largely amorphous after pyrolysis at or below 1100°C, the following

discussions will delineate some of the key factors that influence the evolving nanostructures SiOC
PDCs. This will provide a basis of understanding for the section that follows, which probes the
effects of different pyrolysis and annealing environments on the final nanostructure of the SiOC
ceramics.
Many works that have attempted to understand the SiOC nanostructure have tried to create
a stoichiometric ceramic such that there are no free carbon or free silicon phases
present.102,103,106,109,110,113–116 To achieve this, it was suggested that any carbon that cannot bind to
the silicon atoms present in pre-ceramic system must be removed. In the early works explored by
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Sorarú, et.al. (1994, 1995), the amount of free carbon in the final ceramic was related to the
stoichiometry of a sol-gel precursor in an attempt to predict which stoichiometries would form a
pure SiOC.102,103 The stoichiometry of these sol-gel precursors was analyzed by varying the ratio
of triethoxysilane (TH) and methyldiethoxysilane (DH) monomers. The ceramics in this study were
analyzed after pyrolysis in an inert atmosphere at 1000°C. Knowing that there is a limit to the
amount of carbon that can bond to the silicon present in the system and form an oxycarbide phase
(i.e. carbidic sp3 carbon), and that this limit is based on the amount of oxygen in the system that
must first bind to the available silicon atoms, the following relationships can be assumed:

(𝐶 ⁄𝑆𝑖 )𝑠𝑡𝑜𝑖𝑐ℎ = [2 − (𝑂⁄𝑆𝑖 )𝑔𝑒𝑙 ]/2

( 1.2a)

(𝐶 ⁄𝑆𝑖 )𝑜𝑥𝑦 = {4 − [(𝑂⁄𝑆𝑖 )𝑔𝑒𝑙 × 2]}/4

( 1.2b)

Where (C/Si)oxy is the amount of carbidic carbon in the oxycarbide structure and (O/Si)gel
is the oxygen content in the precursor. In this relationship, the maximum amount of free carbon
could be estimated from knowledge of the stoichiometric relationship between the oxygen and
silicon in the gel (O/Si)gel and how it related to the maximum amount of carbon that could bond to
the silicon based on stoichiometry (C/Si)stoich. After comparing the experimental values of the
(C/Si)gel relationship to that of the aforementioned stoichiometric relationship, it was possible to
determine the amount of carbidic carbon present in the oxycarbide phase (C/Si)oxy, along with the
amount of excess free carbon that cannot bind into this mixed bond phase (Equation 1.2b). It should
be noted that these relationships were developed upon the assumption that the Si-O bonds remain
unchanged during the ceramitization process. These relationships were proven experimentally
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early on through the efforts of many pioneers in this field.114–117 For example, Sorarú and
Babonneau (1992, 1994) dove further into the precursor chemistry by explicitly focusing on how
the presence of Si-H or Si-CH3 bonds affected the development of the nanostructure.115,116 The
amount of Si-H bonds present in the system was varied by utilizing combinations of multiple
different polymers as the ceramic precursor.116 In these works, TH and DH polymer were again
utilized as the SiOC precursor. It was suggested that the Si-H groups would react with the methyl
substituents and would favor a reaction between the silicon and carbon atoms versus the carbon
atoms bonding to themselves. This type of a reaction favored the development of a “pure” silicon
oxycarbide. In addition, it was suggested that the formation of these Si-C-Si bridges acted as a
nucleation center for the [C(Si)4)] phases, which further discouraged the carbon-carbon bonding
that would form free carbon phases. In one study, ceramics produced from a TH/DH ratio of both 1
and 2 were synthesized and yielded polymer precursors with a ratio of (O/Si)gel ≈ 1.4 in both
systems.102 After pyrolysis at 1000°C (in argon),
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Si MAS NMR revealed that the oxycarbide

network contained a (C/Si)oxy ≈ 0.30 for both systems. However, a very low free carbon content
of approximately 3% was found for the system with a TH/DH = 2, while the TH/DH=1 ceramic led
to the formation of approximately 40% free carbon. With the same (O/Si)gel present for both of
these samples, the key difference between these two ceramics lied in the amount of carbon present
in the polymer (i.e. gel) precursor, proving the importance of polymer precursor chemistry on the
phase development within the SiOC system. Later works by this group showcased a deeper
structural study of this TH/DH system.103,109,116 By investigating polymeric compositions ranging
from 100% TH to 100% DH, the researchers were able to graphically correlate the (C/Si)gel with
that of the (O/Si)gel (solid line) and the stoichiometric compositions at each variation of the TH/DH
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ratio (dashed line) (Figure 1.6). When the two lines in Figure 1.6 crossed (point B), (O/Si)gel=1.33
which corresponded to a gel composition of 66.7 TREOS·33.3 MDES (mol%). At this
composition, the carbon content of the gel matched that of the oxycarbide phase and resulted in a
structure with minimal free carbon. When (O/Si)gel was less than 1.33 (i.e. low TH content),
formation of the free carbon phase was favored while a (O/Si)gel >1.33 (i.e. high TH content) formed
a carbon deficient oxycarbide phase. Changing the precursor structure from a polysiloxane to an
ethoxy-substituted polycarbosilane allowed for an investigation into the effects of the precursor
structure on the structural development of pure SiOC ceramics.115 Instead of focusing on the
concentration of Si-H bonds and the formation of Si-C-Si bridges, the polycarbosilanes presented
a precursor that already contained Si-CH2-Si bonds. Upon pyrolysis at 1000°C, the amount of
carbon that is retained from the precursor increased when the carbon was bonded to two silicon
atoms in the polycarbosilane when compared to a polysiloxane precursor. This resulted in
incorporating twice as much carbon into the oxycarbide phases (i.e. carbidic carbon) as opposed
to the free carbon phase (i.e. graphitic carbon).
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Figure 1.6 C/Si vs O/Si in the gel samples (solid line) and the resulting composition of the stoichiometric
oxycarbide phase in the ceramic samples (dotted line). Reprinted with permission from Ref. [103]. Copyright 1995
The American Ceramic Society.

As was shown in Equation 1.2, the relationship between silicon and oxygen is another
critical component in determining the SiOC structure.118 One study looked at reducing the presence
of the free carbon phase by decreasing the amount of oxygen in the system, thus promoting a
higher concentration of Si-Si bonds.113,114 Since an ideal SiOC only contains an oxycarbide phase
composed of either Si-C or Si-O bonds, the amount of oxygen in the precursor is equally as
important in determining the resultant ceramic structure. When crosslinked polysiloxanes were
pyrolyzed near 1000°C, it was found that the (O/Si)oxy increases due to either mineralization
reactions or redistribution reactions around the Si atoms. In this work, it was suggested that the
oxycarbide phase is a random distribution of Si-O and Si-C bonds that rely solely on the
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relationship between O and Si in the preceramic polymer, not the actual structure of the polymeric
backbone.
1.2.1.2 Structural Changes as a Function of Chemistry and Processing Parameters
While the aforementioned discussions related to stoichiometric SiOC ceramics are critical
in order to fully understand the development of SiOC ceramics, the technologically important
variants of SiOC are often non-stoichiometric and are treated at temperatures well beyond the
ceramitization temperature (ca. 1000°C).
Regardless of the exact chemistry of SiOC, this ceramic system appeared to be generally
amorphous upon ceramitization, with some nanoscaled phase separation observed only when
examined using advanced, high-resolution analytical techniques. Even when there was a high
concentration of free carbon present, it was often hard to distinguish such nanosized regions from
the overall amorphous character of the ceramics at these lower temperatures. However, as the
pyrolysis temperature increased or when the ceramics were annealed at much higher temperatures,
irreversible phase separation of this amorphous material into free carbon, SiC, and SiO2 was
observed. In addition, crystallization of these phases was found to be possible, depending on the
specific chemistry and processing temperatures. One of the most important reactions to consider
when SiOC ceramics were exposed to high temperature pyrolysis or annealing was that of
carbothermal reduction. Beyond approximately 1450°C, carbothermal reduction reactions were
activated. These thermally activated reactions have been proven to dramatically influence the
SiOC structure and physical properties of the systems. Fully understanding the structural evolution
of this system at different compositions, under varying processing parameters, is required in order
to understand the functional changes of the SiOC ceramic.
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When the free carbon content in SiOC was low (i.e. <8 wt%), the ceramics produced were
nearly stoichiometric and the structural changes upon high-temperature annealing were different
than the ceramics produced with a high concentration of free carbon. When a 1/1 ratio of
tetraethoxysilane (TEOS) and dimethyldiethoxysilane (DMDES) was used to create SiOC sol-gel
precursors, a structure containing an oxycarbide matrix with the formula of SiC0.58O1.64 and
approximately 8 wt% of a dispersed free carbon phase was formed upon pyrolysis.112 The initial
oxycarbide phase was reported to be composed of mixed units of SiCnO4-n, where approximately
52.2% of this phase was composed of SiO4, 36.85% of SiCO3, 9.75% of SiC2O2, 1.15% of SiC3O,
and 0.05% of SiC4. To explore the evolution of these phases as a function of processing parameters,
this SiOC ceramic was annealed up to 1600°C with varying ramping rates (i.e. 2-25°C/min) and
varying holding times at the final temperature (i.e. 10 min or 1 hr).75 Up to 1300°C, the SiOC
samples did not experience any notable structural changes. At this temperature, the char yield
remained constant while 29Si MAS NMR data also suggested a constant number of Si-C bonds in
the system. Analyzing the data from both NMR and XRD (Figures 1.7 and 1.8), it has been shown
that the SiOC ceramics annealed up to 1300°C appeared amorphous while simultaneously
undergoing a nanoscaled phase separation. At this temperature, the SiCnO4-n mixed bond phase
separated as a result of the redistribution of the Si-C and Si-O bonds (Equations 1.3a-c). While it
was previously reported that the free carbon phase began to develop around 700°C in these
systems, an increase in the annealing temperature to 1300°C did not appear to alter the nature of
this phase. At this temperature, the free carbon phase accounted for ~75 mol% of the total carbon
in the system and appeared to have a structure similar to charcoal.
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𝑆𝑖𝐶𝑂3 + 𝑆𝑖𝐶𝑂3 → 𝑆𝑖𝐶2 𝑂2 + 𝑆𝑖𝑂4

( 1.3a)

𝑆𝑖𝐶2 𝑂2 + 𝑆𝑖𝐶𝑂3 → 𝑆𝑖𝐶3 𝑂 + 𝑆𝑖𝑂4

( 1.3 b)

𝑆𝑖𝐶𝑂3 + 𝑆𝑖𝐶𝑂3 → 𝑆𝑖𝐶4 + 𝑆𝑖𝑂4

( 1.3c)

Figure 1.7 Experimental (a) and simulated (b) 29Si MAS NMR spectra of pyrolyzed SiOC samples. Heating rate
10°C/min; holding time of 10 min except at 1500°C (1 hour). Reprinted with permission from Ref. [75]. Copyright
1995 American Chemical Society.
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Figure 1.8 XRD patterns of the pyrolyzed SiOC samples from Ref. [75]. Heating rate of 10°C/min. Reprinted with
permission from Ref. [75]. Copyright 1995 American Chemical Society.

Above 1300°C, the nanostructural development of SiOC seemed to vary more significantly
throughout literature. This was likely due to the different kinetic and thermodynamic factors that
came into play at these higher temperatures, both of which were found to be highly dependent on
the precursor chemistry and ceramic processing parameters. In the ceramics discussed above, a
chemical change in SiOC was observed at these higher temperatures and such changes were found
to be consistent with the formation of a β-SiC nanosized phases. This change simultaneously
resulted in a decrease in the free carbon content of the ceramic.
Many years later, transmission electron microscopy (TEM) was coupled with electron
energy-loss spectroscopy (EELS) to further study the structural development of both
stoichiometric and non-stoichiometric SiOC ceramics as a function of increased annealing
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temperatures.98,103,109,110,119,120 Owing to the ease of tuning the molecular structure to be either
stoichiometric, carbon-rich, or silicon-rich, a sol-gel precursor composed of varying ratios of
triethoxysilane (TH) and methyldiethoxysilane (DH) was often utilized to conduct a systematic
study of the development of the SiOC structure. A stoichiometric SiOC was achieved when TH/DH
was at a molar ratio of 2 (C/Si=0.30), as mentioned earlier in this section. After being pyrolyzed
at 1000°C for 1 hour in argon, this stoichiometric SiOC was further annealed at 1200 and 1400°C
for 1 hour to investigate the influence of temperature on the structural changes within this
system.103,119 While past work on these materials suggested a fully stoichiometric system, TEM
and EELS showcased a slightly different story and proved the existence of a small amount of
turbostratic carbon present in the system upon pyrolyzation at 1000°C. The high-resolution
imaging received via TEM showcased a few lamellar features that presented a spacing similar to
that of the (002) planes of graphitic carbon (i.e. ~0.33 nm). The EELS data further proved the
existence of carbon at this point due to the CK peak, which revealed a π* pre-peak at 283 eV. This
pre-peak was characteristic of the s  p transition that occurs during the sp2 hybridization of
carbon. In addition, the electron diffraction patterns (EDP) that were obtained by this highresolution imaging indicated the presence of local SiC order. This data suggested the formation of
nanosized regions of β-SiC (ca. 0.2-0.7 nm) at these low temperatures, something that was not
previously expected to occur until much higher temperatures were achieved. After annealing at
1200°C, the onset of phase separation of the SiOC ceramic was apparent. The small amount of
free carbon that was in the system prior to this anneal was reduced further when exposed to this
higher temperature. At the same time, TEM images and EDP data suggested an increase in the
structural ordering of the β-SiC phase while simultaneously growing in size to approximately 2-4
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nm. The EELS data also suggested the formation of a Si-O environment, which corresponded to
the notion that a SiOC nanostructure was composed of SiC nanodomains that were embedded in
an amorphous SiO2-rich matrix. Further annealing at 1400°C led to elimination of the free carbon
phase while once again increasing the size of the β-SiC nanodomains (ca. 5-10 nm). It was also
noted that these β-SiC nanodomains were present in the form of spherical domains, as illustrated
in Figure 1.9. At this point, the phase separation process of this ceramic is hypothesized to be
nearly complete, with the phase separation process governed by Equation 1.4.

𝑆𝑖𝐶𝑥 𝑂2(1−𝑥) → 𝑥𝑆𝑖𝐶 + (1 − 𝑥)𝑆𝑖𝑂2

( 1.4)

Figure 1.9 HRTEM image of SiOC after annealing at 1400°C, showing the formation of spherical β-SiC
nanodomains. Reprinted with permission from Ref. [119]. Copyright 2001 The American Ceramic Society.
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The lack of crystallization of the SiO2 phase into cristobalite at 1200°C was proposed to
be due to the impairment of diffusion, and subsequent cristobalite nucleation, due the presence of
even a small amount of free carbon. When the TH/DH ratio was systematically varied from 1 to 9
(C/Si=0.14 to 0.39, respectively), ceramics varying from a carbon-rich structure to a silicon-rich
structure were fabricated, respectively.98,110,120 High-resolution TEM and EELS were once again
used to study the carbon-rich (TH/DH=1) and the silicon-rich (TH/DH=9) ceramic when annealed
up to a temperature of 1400°C, which complimented the discussion of the stoichiometric systems
presented above.120 The structural progression of the carbon-rich ceramic (TH/DH=1) possessed
many similarities to that of the stoichiometric system with one notable exception: EELS data
showed that there was evidence of the formation of a mixed bond phase of the nature SiC nO4-n at
temperatures as low as 1000°C. When pyrolyzed, these carbon-rich ceramics also contained 19
at% free carbon as well as β-SiC nanodomains and was visually observed in the HRTEM images.
The presence of the β-SiC nanodomains was also confirmed via EDP. Upon an increase in
temperature to 1200°C, the β-SiC nanodomains grew in size and an amorphous SiO2 matrix was
observed following Equation 1.4. This is much like the structural development of the
stoichiometric SiOC. However, unlike the stoichiometric system, the amount of free carbon in the
system must be considered, as shown by the relationship given in Equation 1.5.

𝑆𝑖𝑂2(1−𝑥) 𝐶𝑥 + 𝑦𝐶𝑓𝑟𝑒𝑒

( 1.5)

After annealing to 1400°C, the concentration of free carbon in the structure was reduced to
around 9 at% while the β-SiC domains showed an increase in both the structural ordering and the
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domain size. With an increase in the amount of carbon in the system, along with an increase in the
bond density provided by the SiC domains, densification and crystallization of SiOC was
significantly hindered at these temperatures when compared to systems with significantly lower
carbon contents. When a silicon-rich ceramic (TH/DH=9) was examined at these higher
temperatures, viscous sintering was initiated and resulted in the full densification of the ceramic.
After pyrolyzation, this ceramic contained 5 at% of a free silicon phase with dimensions around 5
nm. These silicon nanodomains were then found to be embedded in an amorphous SiO2 matrix. At
temperatures as low as 1200°C these silicon-rich ceramics were observed to be fully dense. In
addition, such ceramics contained multiple nanosized precipitates on the order of 15 nm that were
embedded in the amorphous silica matrix. EDP identified these precipitates as metallic silicon and
SiC. It should be noted that the images obtained from HRTEM indicated that the SiC precipitates
were generally smaller and less ordered in these SiOC ceramics than were the pure metallic silicon
precipitates. Further annealing to 1400°C showcased an increase in the size of the aforementioned
precipitates. These precipitates were homogenously dispersed and roughly 50 nm in size or less,
with the metallic silicon precipitates again being the larger and more ordered of the two. The
smaller size dimensions of the SiC phases is likely the result of the rate-limiting diffusion of carbon
within the silica matrix.
Ceramics with a high concentration of free carbon are known for having improved
functional properties when compared to their carbon-poor or pure silica glass counterparts and are
therefore of high interest for many potential applications of SiOC ceramics.80,100,121–124 When these
systems were explored at temperatures beyond 1400°C, additional chemical changes must be taken
into account due to the onset of carbothermal reduction that begins around 1450°C which is further
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enhanced in the presence of free, elemental carbon species. At these elevated temperatures, the
silica and carbon phases can react with each other, promoting the formation of a SiC phase along
with the loss of some oxygen and free carbon species. The reactions that can take place at this
temperature are summarized in Equations 1.6a-d.75,110,114,118,125,126

𝑆𝑖𝑂2 + 3𝐶 → 𝑆𝑖𝐶 + 2𝐶𝑂

( 1.6a)

2𝑆𝑖𝑂 + 3𝐶 → 2𝑆𝑖𝐶 + 𝐶𝑂2

( 1.6b)

𝑆𝑖(𝑔) + 𝐶𝑂(𝑔) → 𝑆𝑖𝐶 + 1⁄2 𝑂2

( 1.6c)

𝑆𝑖𝑂2 + 𝐶 → 𝑆𝑖𝑂 + 𝐶𝑂

( 1.6d)

The carbon-rich SiOC was studied further by fabricating carbon-rich SiOC ceramics from
multiple different precursors.54,80,98,127–134 This enabled a chance to explore whether the mere
presence of carbon or the polymer structure had a stronger influence on the structural changes at
high temperatures. Some researchers utilized TEM to investigate the free carbon phase
development in a carbon-rich SiOC ceramic fabricated from polyhydridomethylsiloxane (PHMS)
crosslinked with divinylbenzene (DVB).98,132 This carbon-rich SiOC was of particular interest due
to its high ceramic yield of over 80 wt% and its delayed onset of nanophase separation at
temperatures exceeding 1200°C. When the PHMS was crosslinked with 60 wt% DVB, the
resulting annealed ceramic (1450°C) had a molecular formula of SiC0.44O1.13 + 2.27Cfree, which
equated to 37.7 vol% of the free carbon phase. During the pyrolysis process, 13C NMR confirmed
that aromatic carbon, in addition to sp3 carbidic carbon, was observed at temperatures as low as
800°C. However, the lack of visual evidence of such a phase in the HRTEM suggests that at such
low temperatures, the free carbon phase is not yet well ordered. High temperature annealing led to
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HRTEM images that indicated clear ordering of the graphene layers. The correlation between the
presence of the free carbon, SiC, and SiO2 phases was investigated further by etching the ceramics
with hydrofluoric acid (HF). The etching was conducted on dimpled TEM foils of the ceramic and
was done in order to selectively remove the amorphous SiO2 phases. When the SiO2 was removed,
pores on the order of 10-20 nm were discovered in the HRTEM images and indicated a noncontinuous SiO2 phase (Figure 1.10). The continuity of the SiO2 phase was found to be disrupted
by the presence of the continuous graphitic network, where a nanosized SiC phase was detected in
close proximity to the graphene network. The formation of nanosized SiC near the graphitic
network was suggested to be due to one of two reasons: (1) the availability of the edges of the
graphitic network to participate in bonding with the silicon atoms; or (2) localized carbothermal
reduction due to the close proximity of the free carbon and SiO2 phases. While it was possible for
the edges of the graphitic regions to participate in the bonding of the SiOC phase, at the high
temperature explored in this work, this phase is not thermodynamically stable. Additionally, the
low weight loss that occurred at 1450°C suggested that carbothermal reduction was not the key
contributor towards the formation of the SiC nanophases that were observed in these ceramics.
While the reasoning for the formation of this particular structure was not solidified in this work,
this structure supports the observed viscoelastic responses of this ceramic at high temperatures, as
will be observed in Chapter 4.1.1 regarding the mechanical performance of this ceramic.135 The
thermal stability of this pre-cursor system (i.e. PHMS and DVB) was investigated further by Lu,
et.al. (2016).54 In this work, the DVB content was varied from 0 to 80 wt% in addition to varying
the amount of catalyst, the pre-cursor mixing process, and the cure cycle in order to obtain defect
and crack-free ceramics. Structural characterization indicated that for all ceramic compositions,
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the phase separation processes were significantly hindered up to 1400°C by the inclusion of a
relatively high concentration of free carbon. At this temperature, there was no evidence of the
formation of β-SiC; rather, only an increase in the prominence of the SiO2 diffraction peaks were
observed. The thermal stability of this system, and its correlation to the slow phase separation of
the SiOC matrix, was studied via thermogravimetric analysis (TGA) and differential scanning
calorimetry (DSC). Typically, the SiOC system has two main sources of thermal instability: (1)
the free carbon species, where the edge atoms and any radical species can be easily oxidized, and
(2) the oxidation of the SiOC units. While typically these two reactions occur within distinct
temperatures ranges and can be clearly observed in TGA and DSC profiles, the unique interlocking
nature of these two species in the SiOC structure led to an inability to identify the two separate
reactions within the TGA and DSC profiles. The only definitive data that was able to be discerned
from these profiles was that maximum overall weight gain due to oxidation of the entire system is
less than 0.5 wt%. This is much lower than the previously reported values for the same system (ca.
2.5 wt%), suggesting that even the processing of the pre-ceramic precursors results in a large effect
on the thermal stability and phase transformations of the ceramic system.132
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Figure 1.10 (a) Model proposed by Ref. [98] corresponding to the viscoelastic response of carbon rich SiOC
structures, as described in Ref. [126]. This model showcases the percolated graphene network (i.e. graphene cages)
that enclose nanosized regions of amorphous SiO2 and have neighboring nanophases of SiC; (b) showcases the highresolution TEM images of an HF-etched SiOC, supporting the structure proposed in (a). The arrow showcases one
of the pores left behind from the removal of SiO2. Reprinted with permission from Ref. [98]. Copyright 2008
Elsevier.

In a vastly different approach, some work has been done to study the effects of modifying
the pyrolysis and annealing atmospheres of SiOC ceramics.130 In this work, both carbon-poor
(Tospearl 120) and carbon-rich (PHMS, polydimethylsiloxane (PDMS), polyvinylmethylsiloxane
(PVMS), and vinyl terminated polyphenylmethylsiloxane (PMPS)) ceramics were produced. All
samples were pyrolyzed up to 1400°C under two distinct atmospheric conditions: (1) under an
inert argon atmosphere, or (2) an argon: water (5:1 molar ratio) atmosphere where water injection
occurred between 500-700°C for 2 hours. When pyrolyzed in the presence of water vapor at
1300°C, the formation of β-SiC nanodomains was less prominent due to additional reactions
(Equation 1.7) that occurred between the free carbon and the water vapor, which resulted in the
consumption of the free carbon and favored Si-O bond formation over Si-C bond formation.
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𝑆𝑖𝐻(𝑠) + 𝐻2 𝑂 → 𝑆𝑖𝑂𝐻(𝑠) + 𝐻2 (𝑔)

( 1.7a)

𝑆𝑖𝐶𝐻3 (𝑠) + 𝐻2 𝑂(𝑔) → 𝑆𝑖𝑂𝐻(𝑠) + 𝐶𝐻4 (𝑔)

( 1.7b)

𝑆𝑖𝐶2 𝐻3 (𝑠) + 𝐻2 𝑂(𝑔) → 𝑆𝑖𝑂𝐻(𝑠) + 𝐶2 𝐻4 (𝑔)

( 1.7c)

𝑆𝑖𝐶6 𝐻5 (𝑔) + 𝐻2 𝑂(𝑔) → 𝑆𝑖𝑂𝐻 + 𝐶6 𝐻6 (𝑔)

( 1.7d)

𝑆𝑖𝑂𝐻(𝑠) + 𝑆𝑖𝑂𝐻(𝑠) → 𝑆𝑖2 𝑂(𝑠) + 𝐻2 𝑂(𝑔)

( 1.7e)

Upon an increase in the pyrolysis temperature to 1400°C, the higher carbon content
ceramics showed a further reduction in the amount of SiC present due to carbothermal reduction
(Equation 1.6). The ceramics made from Tospearl that contained a very low concentration of
carbon atoms facilitated the formation of nanosized cristobalite at 1400°C in the presence of water
vapor. This is due to the simultaneous loss of any residual free carbon within the system in addition
to a preferential Si-O bond formation.136
Other attempts at understanding and predicting the nanostructure of SiOC ceramics utilized
phase diagrams and modelling to supplement the above experimental observations. In one work,
the sizes of the nanodomains were explored as a function of carbon content. In this work, the SiOC
structure was modelled as containing a continuous phase of graphitic carbon (i.e. sp2-carbon) that
encased regions of silica tetrahedra and contained interfaces of mixed bond Si-O-C
tetrahedra.91,92,137 This model was used due to its agreement with previous NMR data, as well as
reported mechanical phenomena, of such a ceramic.92 In order to explore this structural model as
a function of both experimental and quantitative analysis, a siloxane-derived SiOC was fabricated
to contain varying amounts of vinyl substituents in the polymer backbone. This led to the creation
of ceramics with varying amounts of carbon. The siloxanes were pyrolyzed at 1000°C for 5 hours
30

and heat-treated at 1200°C for 1 hour, all in an inert atmosphere. The structures of the ceramics
were explored experimentally by analyzing small angle X-ray scattering (SAXS) data. The
nanodomain data retrieved via this technique was then compared to the theoretical calculations
achieved by considering the surface-to-volume ratios of the three aforementioned phases present
in a SiOC ceramic (i.e. graphitic free carbon, silica, and SiOC interfaces). Based on the diagram
shown in Figure 1.11, these theoretical calculations were achieved by first separating the overall
composition of the ceramic (point P) into two parts: (1) the stoichiometric portion (point S) and
(2) the free carbon (graphitic) portion (c). A tie-line was drawn from the carbon (C) node through
the overall composition, P, until it met the tie-line connecting SiC and SiO2. The intersection of
these two tie-lines yielded the stoichiometric composition, S, of the ceramic matrix sans any free
carbon clusters. The location of point S enabled the prediction of the domain size (d’) via Equation
1.8.

Figure 1.11 Phase diagram for SiOC ceramics indicating the parameters needed for predicting the domain sizes.
Based on a surface to volume ratio of the domains, the sizes depend on the composition of the ceramic at point S,
which does not include any carbon present in the form of free carbon which is represented by c. The domain size
will decrease as point S moves closer to SiC. The overall composition of the ceramic is located at point P. Reprinted
with permission from Ref. [92]. Copyright 2006 The American Ceramic Society.
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𝑉𝑆𝑖𝑂2

𝑑′ = 6 𝐴

𝑆𝑖𝑂𝐶

2𝑝

(2−𝑋 − 1)

( 1.8)

Where VSiO2 is the effective volume per silica tetrahedra, ASiOC is the average area occupied
by SiOC tetrahedra, p is the composition of the mixed bond interface (i.e. SiO2(1-p)Cp), and X is
oxygen value for the average ceramic composition. Based on the surface-to-volume ratio of the
two phases SiC and SiO2, a shift in point S that moved towards the SiO2 point resulted in a larger
domain size. The interfacial layer thickness (δw) was determined via a similar approach. In
Equation 1.9, the inclusion of an additional term, Vw, considered the volume occupied per carbon
atom that resided in the interdomain wall and Y constituted the average carbon content of the
ceramic.

2𝑉𝑤 𝑝

𝛿𝑤 = 𝐴

𝑆𝑖𝑂𝐶

2𝑌

[2−𝑋 − 1]

( 1.9)

Based on the assumptions made in the development of this model, the experimental SAXS
data corresponded well with the theoretically derived data for the silica nanodomains. For example,
when the overall carbon concentration was low (i.e. SiO1.49C0.9), the domain size was found to be
2.3 nm via SAXS and 2.6 nm via the aforementioned calculations. Until a certain concentration of
carbon was achieved in the ceramic systems, δw was determined to be independent of the exact
amount of carbon present and was shown to lie on the contour related to a δw = 700 pm. When a
high carbon content was present in the ceramic (i.e. SiO1C1.6), the relationships between p, X, and
Y changed significantly and resulted in an overall increase in the δw to 1400 pm, with a slight
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decrease in the observed dimensions of the silica nanodomains. In order to further support the
development of this model, the authors analyzed other SiOC compositions and structures presented
in literature, addressing also the issues of compositions that lie close to the SiC-SiO2 tie-lines. It
was concluded that during the pyrolysis of any SiOC ceramic, the regions of pure silica began to
coarsen while carbon was simultaneously rejected to its outer surfaces. Once the interfacial layers
and graphitic carbon regions formed, the growth stopped and the sizes of both the silica domains
and the interfacial layer could be predicted by utilizing Figure 1.11 and Equations 1.8-1.9. Within
certain ranges of carbon concentrations, the interfacial layers remained unchanged in thickness
with respect to changes in carbon content and generally varied from 300 pm at very low carbon
contents to approximately 1400 pm at high carbon contents. This suggested that as the amount of
carbon in the ceramic increased, more carbon was able to participate in the formation of the
interfaces between the silica and free carbon domains. If additional phases separated out of the
SiOC structure due to either compositional or processing changes, the authors reported that similar
procedures could be successfully employed, only after taking into account the effects that the
presence of these other phases would have on the overall SiOC composition. For example, the
precipitation of SiC out of the SiOC shifted the overall composition at point P in Figure 1.11 to
the left and resulted in less carbon available to participate in the formation of interfacial or free
carbon nanodomains. It should also be noted that any composition that lies along the SiC-SiO2 tieline in Figure 1.11 represented a stoichiometric ceramic that contained no excess free carbon
phases.110 The amount of SiC and SiO2 phases present in such a ceramic was then calculated based
on the relationships presented in Equation 1.8, where the value of ‘x’ becomes a direct measure of
the relationship between these phases.
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A deeper look into this phase diagram enabled the understanding of the types of separation
or crystallization processes that occurred based purely upon the composition of the ceramic. 138
This work proved that the structural changes of the SiOC system at high temperatures occurred
via carbothermal reduction mechanisms or phase separation processes and that these behaviors
could be predicted by knowing the location of the ceramic composition within the Si-O-C phase
diagram, as shown earlier in Figure 1.11. When the composition (P) lied on or close to the SiCSiO2 tie-line, crystallization occurred predominantly via a phase separation process and was
associated with a low weight loss. However, as the composition moved away from this tie-line,
crystallization was dominated by a carbothermal reduction mechanism and was associated with a
much larger weight loss.
Studies into the atomistic connectivity of the various nanodomains within the SiOC
structure were studied by utilizing 29Si and 13C NMR spectroscopy.139 The ceramics studied in this
work were made from commercially available materials with varying carbon contents, namely a
Wacker-Belsil PMS MK powder and Polyramics RD-684a. The polymers were pyrolyzed at
1100°C for 2 hours, which resulted in ceramic compositions of SiO1.5O0.68 and SiO1.02C4.2,
respectively. In addition, the Wacker-Belsil PMS MK powder was loaded with Gd3+ as a
paramagnetic dopant in order to further analyze the spin-lattice relaxation mechanisms of the 29Si
nuclides. The NMR data suggested that there was indeed a spatial segregation of the oxygen-rich
and carbon-rich SiO4-nCn units in both samples. It was expected that the carbon-rich units presided
at the interfaces between the oxygen-rich units and nanodomains of free carbon, similar to that
proposed in the aforementioned model. However, when the fractal dimensions were considered, a
slightly different structural model was proposed. With a mass-fractal dimension of ~2.5 for the
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oxygen-rich SiO4-nCn regions, it was suggested that these regions formed an infinite (percolating)
phase according to the two phase volume percolation problem.140,141 Due to the bonding constraints
of the carbon-rich SiO4-nCn regions (i.e. avoidance of carbon-oxygen bonding, 2-fold coordinated
O atoms, etc.), the oxygen-rich regions segregated and formed a “porous” structure where the
carbon-rich domains surrounded “voids” that were filled with segregated free carbon, as
demonstrated in Figure 1.12. Depending on the chemistry of the system, a bi-continuous system
was produced where the carbon-rich SiO4-nCn and free carbon domains percolated as shown in
Figure 1.12b for the SiOC with a high carbon content. When considering the mass-fractal
calculations of this system, in order to achieve the aforementioned structure presented by Saha,
et.al. (2005), a dimension of ~3 for the oxygen-rich SiO4-nCn regions would be needed in order to
form the dense, finite silica clusters representative of this structure.

Figure 1.12 Schematic of the SiOC nanostructure as presented by Ref. [139]. The image on the right showcases the
higher carbon containing ceramic, where the graphitic carbon nanodomains are showcased in the dark shaded
circles, the C-rich SiCnO4-n structural units are shown as the light grey regions surrounding these graphitic clusters,
and the oxygen-rich SiCnO4-n structural units are shown as the grey patterned matrix. It can be noted the percolation
of the graphitic carbon regions and the C-rich structural units when the ceramics had a high concentration of carbon
in the pre-ceramic polymer. Reprinted with permission from Ref. [139]. Copyright 2010 American Chemical
Society.
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Building off of the relationships already demonstrated in Figure 1.6 for stoichiometric
samples, additional samples containing either a high amount of free carbon (point A on Figure 1.6,
corresponding to a composition of 50.0 TREOS·50 MDES mol %) or a high amount of metallic
silicon (point C on Figure 1.6, corresponding to a composition containing 90.9 mol % TREOS)
were fabricated and their structures examined. When the pure silicon oxycarbide (Point B, Figure
1.6) was annealed at temperatures up to 1500°C, phase separation began and indicated the onset
of crystallization of a β-SiC phase, in addition to the presence of the silica matrix and the mixed
bond interfaces. The formation of this β-SiC phase was the result of a structural rearrangement that
resulted from the redistribution of Si-O and Si-C bonds. The addition of a large amount of free
carbon into the SiOC structure resulted in a gradual crystallization into turbostratic carbon at
1500°C. The presence of this carbon also altered the crystallization behavior of the SiC phase, as
carbothermal reduction was now possible. As the temperature was increased, the mixed bond
interfaces and phases that were present in the pure SiOC were consumed and supported the phase
separation into SiO2 and β-SiC nanodomains with dimensions on the order of 2 nm.
1.2.1.3 Energetics of the SiOC Nanostructure
Many of the aforementioned structural characteristics that were observed through
experimental means have also been studied for their energetic environments. Though still a highly
evolving area of research, the following highlighted articles show some key energetic
considerations that should be taken when structurally designing a silicon oxycarbide ceramic.
In one work, the thermodynamic hindrance to crystallization of TREOS/MDES and
PHMS-based ceramics were investigated by means of calorimetric experiments.137 The sol-gels
were pyrolyzed at 1000°C prior to being annealed at 1200°C in order to perform these calorimetric
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experiments via high-temperature drop-solution calorimetry. Such data yielded information
regarding the enthalpies of formation for the SiOC materials.142 The results of this work suggested
that the amorphous SiOC phase was stable at higher temperatures due to a relatively lower enthalpy
of the amorphous state for all compositions studied, when compared to the proposed
nanocrystalline constituent. It is expected that the interfacial energy of the amorphous phases is
lower than their crystalline counterparts, owing to the fact that the crystalline phases impose more
structural constraints than do the amorphous phases. If this hypothesis held true, then the interfacial
energy contribution to the overall Gibbs free energy was likely to have a negative value. In
addition, it was found that as the carbon concentration was increased, there became a critical point
at which there was an abrupt change in the values of the enthalpy of formation. At this point, it
was hypothesized that the large amount of graphene sheets within the ceramic structure enabled a
release of residual strain via a sliding mechanism. Oxidative high temperature oxide melt solution
calorimetry was used in conjunction with structural studies (i.e. NMR, micro-Raman, SAXS,
XRD, and HRTEM) to further probe the SiOC structure.97,132,143,144 PHMS was utilized as the
ceramic precursor and a series of ceramics were made by varying both the carbon content and the
pyrolysis temperature (i.e. 1000, 1200, and 1400°C). Overall, these studies supported the model
that a nanoscaled heterogeneous amorphous ceramic was stabilized by the presence of a mixed
bond interface. The reason for this was shown to be traced back to the thermodynamics and kinetics
associated with the structure. When the ceramic was pyrolyzed at 1000°C, it was found that the
mixed bonds possessed a negative enthalpy of formation when compared to the crystallized
counterpart. This was likely due to the high degree of stability provided by the mixed bonds along
with the nature of the interfacial area in this structure. While more work is needed in order to
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explore the role of hydrogen on the development of the SiOC structure, it has been proposed that
the presence of a small amount of hydrogen in SiOC pyrolyzed at this temperature assisted in the
energetic stabilization at this point. At 1450°C, the amorphous structure was more
thermodynamically stable than the phase separated system. However, the reasoning for this
stabilization was different than when the systems were pyrolyzed at 1000°C. At this higher
temperature, the isolation of the free carbon likely formed more prominent, thicker graphitic
networks than at lower temperatures. This graphitic network then inhibited further diffusion and
structural rearrangements of the system. At 1200°C, however, there was a higher thermodynamic
driving force for the system to crystallize. This thermodynamic transition that occurred during the
treatment at higher temperatures requires a deeper investigation in order to fully develop this
energetic understanding. Nonetheless, as a result of this work an overall trend relating the enthalpy
of formation to the chemical composition of the ceramics could be realized. The systems with a
higher amount of free carbon became less exothermic when the enthalpies of formation of the
mixed bond or phase separated structures were compared.144 Similarly, a higher amount of oxygen
in the system led to a comparatively more exothermic enthalpy of formation. This type of behavior
was different than many other ternary systems studied. Strong stabilization in the ternary phase
occurred, which was vastly different than other ternary systems which often have a strong driving
force towards crystallization. This is suggested to be due to the interfacial mixed bond regions,
which made organization into a crystalline structure thermodynamically and kinetically
unfavorable due to differences in Si-C and Si-O bond lengths. While experimental studies have
attempted to provide a crystal clear picture as to why the SiOC structure develops in these manners,
there are several competing factors such as synthesis conditions, composition, microstructure,
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presence of nanodomains, and phase separation that suggest that more work must be conducted in
order to continue to chip away at understanding the energetics of this system.
To supplement these experimental attempts to delineate the energetics of this structure,
many researchers have attempted to computationally model the system and predict its energetic
behavior. Peter Kroll and colleagues have published many papers on this subject using various
modelling techniques.89,145–148 One work utilized density functional theory (DFT) with ab initio
calculations to investigate multiple structural hypotheses related to the SiOC atomistic structure.89
To achieve this, a network model based on experimental observations of the SiOC structure was
achieved by the classical Wooten, Winer, and Waire (WWW) methodology. This idea was
extended to include a well-defined local coordination of atomistic environments containing 128
formula units of SiO2, where C would replace SiO4 units in order to incorporate carbidic carbon in
the structure. The free carbon was then introduced to the structure in multiple different manners,
such as the arbitrary replacement of Si atoms with C atoms and the placing of strips of graphitic
carbon within the structure. Once the network structure was defined, DFT calculations were carried
out. The key factor in favorable structural formation was the reduction of network strain within
the system, which ultimately led to an energetically favorable system design. As the content of the
SiC phases within the SiOC ceramic was increased, the network strain increased. It was suggested
that this strain led to either a network rupture or the division of the homogeneous SiOC phase into
small SiC clusters and SiO2 domains. The modelling of the free carbon phase in this work
suggested a competing view to the nanodomain model of the SiOC system, where it was suggested
that silica tetrahedra were encased by a network of graphitic carbon and the interfaces were
composed of SiOC mixed-bond tetrahedra.92,135,139 Instead, such energetic considerations support
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the notion of isolated graphitic ‘slabs’ dispersed throughout a glassy SiOC matrix (Figure 1.13).
When the carbon was isolated as proposed in the nanodomain model, it was found that the systems
contained a large amount of excess free energy that originated from the covalent linkages between
the segregated carbon and the glassy matrix. When the number of interfacial bonds between the
excess free carbon phase and the matrix was minimized, such as when the graphitic carbon was
introduced in the form of a slab, the overall excess free energy of the system was reduced. An
earlier work looked at the free carbon formation via DFT, where it focused on the electronic
structure as it related to the structural transformations.147 For an amorphous SiOC with no free
carbon, it was found that pores formed at the internal cell wall where there was a high concentration
of oxygen atoms. This was due to the fact that the oxygen was shown to act as a surfactant and
reduced the surface energy of pores in porous SiO2 films.149 To achieve segregated free carbon in
this amorphous structure, graphene slabs composed of 30 atoms were inserted into the models in
a way that avoided the formation of any bonds between the carbon and SiOC phases. The carbon
rich SiOC ceramic studied had a formula of SiC0.33O1.33 + 0.62C. At 800°C, the graphitic carbon
began to react with the ceramic matrix through the formation of 10 additional bonds. This led to a
decrease in the overall system energy. Annealing at even higher temperatures (1600°C) further
decreased the system’s energy and was associated with the formation of a more definitive interface
between the carbon and the ceramic matrix. The simulations revealed that during annealing,
defects formed at this interface. For example, the {C}Si4-tetrahedral bonds had to be broken in
order to allow diffusion of the carbon atoms from the ceramic matrix to the internal surface of this
interface. When these defects were formed, it was found that the electronic density of states (DOS)
was altered, indicating the formation of a wide-band gap. This was indicative of the amorphous
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SiOC matrix with influence from the contribution of the metallic-like state of the graphitic carbon
slabs. Unpaired electrons were found to move out of the graphitic plane and delocalize around the
carbon atoms of the SiOC matrix, which led to the observation of paramagnetic behavior in the
ceramic. Annealing at even higher temperatures was found to reduce the number of unpaired
electrons.

Figure 1.13 Model produced via DFT calculations in Ref. [89]. This model shows a slab-type structure of
amorphous SiOC and graphene (Si48C12O72Cf96). The thickness of the amorphous slab is 1.3 nm. The blue and red
balls represent Si and O, respectively. The CSi4-tetrahedra are indicated as black triangles. The graphene layers are
represented by black sheets. Reprinted with permission from Ref. [89] of The Royal Society of Chemistry.
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An alternative approach to analyzing the development of the SiOC structure looked
primarily at the energetic environment surrounding the silicon atoms.148 By utilizing
computational NMR spectroscopy and the gauge including projector augmented wave (GIPAW)
method, 247 models of the SiOC structure were developed using the WWW method. These models
included both stoichiometric and carbon-rich SiOC environments.
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Si NMR peaks of silicon

nuclei were associated with {Si}O4, {Si}O3C, {Si}O2C2, {Si}OC3, and {Si}C4 tetrahedra.
Determination of whether these silica nuclei were bonded to carbidic (sp3) or graphitic (sp2) carbon
could be observed by the calculated chemical shifts of the NMR data. A bond to carbidic carbon
was represented by NMR shifts between -70 to -74 ppm and occurred in glassy SiOC, which is
composed of SiO2 and SiC nanodomains. The bonding of Si to graphitic carbon must have occurred
in the preceramic (aka polymeric state). Any bonding of Si to graphitic carbon after pyrolysis
would indicate a covalent bond between the SiOC matrix and the graphitic free carbon domains.
This type of bonding would be observed in NMR shifts located at -78 to -81 ppm. By examining
these 29Si NMR shifts in the varying environments surrounding a silicon atom, it was determined
that there was no evidence for the formation of covalent bonding between the amorphous SiOC
matrix and the graphitic free carbon domains. While some of the experimental work discussed
previously indicated the formation of such an interface, from an energetic standpoint, these
computational studies led to the notion that the free carbon phase delaminates from the amorphous
SiOC phase. One likely reason for this was that in all of the aforementioned modelling techniques,
it is assumed that there is no residual hydrogen left in the system. However, from experimental
observations, it was well known that a small percentage of hydrogen was found in these ceramics.
In this specific work, the analysis of the local silicon environment led to one additional conclusion
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about the SiOC structure from such an energetic standpoint - due to the large Si-O-Si angles that
were found in the ceramic, a nanostructure that was similar to a cage-like or zeolitic structure could
be proposed.
A technique called reactive force field (ReaxFF) simulation enabled the investigation of
the development of the SiOC structure with the inclusion of the hydrogen atoms that were
previously omitted in modelling attempts.145 The development of this technique utilized the
thermochemistry of SiOC along with a partitioning of the overall energy of the system into
multiple terms (i.e. two-center covalent bond energy, Coulomb interactions, van der Waals
interactions, etc.). The uniqueness of this technique lied in the accuracy and the large size and
long-time scales that were accessible. After a thorough comparison of ReaxFF results to those
previously reported in the DFT results, the researchers modelled a carbon rich SiOC ceramic based
on the widely researched PHMS/DVB system. With a ratio of PHMS to DVB of 2:1, every other
Si-H was available for further reactions. A model containing 6144 atoms (Si512C1792O512H3328) was
heated to 2500 K at a constant volume with a rate of 25 K/ps. At this temperature, the system was
annealed for 1 ns. Based on this modelling system, H and CH3 groups formed as gaseous species
first, and upon removal from the system, uncoordinated Si atoms remained. A further increase in
temperature led to a flexible -Si-O- polymeric backbone that enabled some of the methyl groups
to be inserted into the polymeric chain via a Kumada-like rearrangement. It should be noted that
the Si/O ratio appeared to be relatively constant throughout the entire simulation. During this high
temperature treatment, the DVB dissociated and left behind carbon moieties that were able to
segregate into free carbon domains. These observations were in agreement with the previously
reported experimental data on this particular system. While new to the scene of SiOC structure
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prediction, these results suggested that ReaxFF can be used a predictive tool for future SiOC
structural determinations.
1.2.2

Electrical and Thermal Properties of Silicon Oxycarbides

The nanostructural features of the PDC system directly correlates to its observed electrical and
thermal properties. Generally speaking, the electrical conductivity of SiOC ceramics is low and
has led to the slow development of this ceramic system for use in applications requiring conducting
materials.94,106,150 In these earlier studies, electrical resistivities in the range of 1012-10-1 Ω-cm were
measured, which are far too high for use in any practical application. However, recent work has
correlated the ceramic nanostructure and chemical composition to the electrical properties of the
ceramic, which has resulted in a notable improvement in the electrical properties of SiOC. In the
previous discussions, it was shown that the concentration of carbon in the preceramic polymers
directly impacts the formation of the free carbon phase within the final ceramic. It is now being
shown that the concentration of this free carbon phase, along with the processing temperatures,
have a large impact on the final electrical conductivity of the ceramics.54,121,151 In all of these
works, it was found that an improvement in the electrical conductivity was the result of two key
processes: (1) the conversion of amorphous, sp3-type carbon into highly conductive sp2 graphiticlike carbon; and (2) the percolation of these sp2 carbon phases at a high enough concentration of
free carbon. In one work, PHMS with varying concentrations of DVB was used to create ceramics
with free carbon contents up to 86 mol%. These ceramics were annealed up to temperatures of
1650°C and the development of their electrical conductivities was explored.54 When the electrical
conductivity was measured at temperatures from 50 to 800°C, an Arrhenius relationship was found
when the electrical conductivity was plotted as a function of reciprocal temperature on a
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semilogarithmic plot (Figure 1.14). All samples showed an initial increase in the measured
electrical conductivity of the ceramics up to a temperature of 400°C, at which point, a sharp
decrease in the conductivity occurred. This behavior at higher analysis temperatures is likely due
to further structural changes and oxidation reactions that can occur between the ceramic and the
air environment, which highlights one major concern of SiOC with such a high concentration of
free carbon. As was seen in the preceding sections, a high concentration of free carbon often
promotes the occurrence of carbothermal reduction reactions. Additionally, the SiOC matrix itself
can react to form insulative SiO2 layers on the surface of the ceramic samples. Nonetheless, this
work highlighted two key mechanisms of electrical conduction based on the concentration of
carbon present in the system. When the carbon content was low and the electrical percolation
threshold was not yet met, a David-Mott model of electrical conductivity in amorphous systems
could be assumed. In this model, the amorphous “semiconductor” is said to have a localization of
the electronic states at the extremities of both the valence and electron bands. Additionally, there
is said to be some localized levels within the band gap of the specific materials. It was expected
that the band gaps that form in SiOC were the result of dangling carbon bonds, specifically from
the sp2 carbon bonds in both the free carbon and bulk SiOC. Once the percolation threshold of the
sp2 carbon was met, the percolation model of electrical conductivity became predominant and
showcased a large increase in the electrical conductivity when the free carbon content was high.
When another group looked at a narrower concentration of excess carbon in the ceramic, it was
determined that ceramics containing less than 20 wt% free carbon did not reach percolation and
electrical conductivity was significantly repressed.151 Kim, et.al. (2016) took the studies
correlating the SiOC structure with the electrical conductivity one step further by using a Hall
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measurement system to classify the charge carrier behavior within the ceramic – a key variable to
consider in the work of this present dissertation.121 In this work, it was determined that after the
solubility limit of carbon in silica was reached, any additional carbon in the system acts to form
larger free carbon clusters and subsequently, β-SiC nanodomains due to carbothermal reduction.
At the highest carbon concentration (16 wt%) and annealing temperature (1550°C), the lowest
electrical resistivity of 4 x 10-2 Ω-cm was found. At these higher concentrations of free carbon, it
was also found that the resistivity of the ceramics was less sensitive to the measurement
temperature than were the carbon poor ceramics. The Hall measurements conducted in this work
revealed a p-type semiconductor with carrier concentrations that increased as a result of an increase
in the carbon content (i.e. from 2.3 x 1018 cm-3 for 0 wt% free carbon to 4.6 x 1019 cm-3 for 16 wt%
free carbon). On the flipside, this increase in carrier concentration led to a decrease in the carrier
mobility from 5.6 cm2·V-1· s-1 to 3.0 cm2·V-1· s-1, showcasing the delicate balance of the electronic
structure of any material. This data is presented in Figure 1.15.
A

B

Figure 1.14 (a) Electrical conductivity as a function of measurement temperature and carbon concentration in the
ceramic after annealing at 1400°C, and (b) as a function of pyrolysis/annealing temperature of the 80 wt% DVB
sample. Reprinted with permission from Ref. [65] published by The Royal Society of Chemistry.
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Figure 1.15 Hall measurement results for (a) electrical resistivity and (b) carrier density and mobility as a function
of free carbon content. Reprinted with permission from Ref. [121]. Copyright 2016 Elsevier.

The thermal conductivity of both porous and fully dense SiOC ceramics have been
determined and showcase a relatively low thermal conductivity, regardless of the chemistry and
processing conditions of the ceramics.152–154 When the 3ω method was used to analyze the room
temperature thermal conductivity of porous SiOC ceramics, a thermal conductivity of 0.041
W/m·K was found.152 In these ceramics, it had been previously determined that the effective grain
size of the SiC domains was around 1 nm, which was assumed to be too small to participate
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significantly in affecting the thermal conductivity of the resulting ceramics.155 Instead, there was
a dependence of the thermal conductivity on the fraction of solid-phase in the ceramic (i.e. thermal
conductivity scaled with density). For samples with a significantly lower volume fraction of
porosity, the effect of carbon content on the observed thermal conductivity could be examined.
These results are presented visually in Figure 1.16.153 When a stoichiometric SiOC was fabricated
with close to 0 vol% free carbon, a maximum thermal conductivity of 1.7 W/m·K was found when
the ceramics were processed at temperatures up to 1600°C. In order to provide a baseline, an aspyrolyzed (i.e. 1100°C processing temperature) sample with no free carbon was analyzed as well.
This data is depicted by the open blue squares in Figure 1.16 and showed an identical trend to that
of the sample annealed at 1600°C, however, at overall lower values of thermal conductivity. This
behavior indicated that the phase separation that began around 1200°C directly impacted the
observed thermal conductivity. When the free carbon content of these ceramics was increased to
approximately 15 vol%, a small increase in thermal conductivity to 2.7 W/m·K was observed. This
work also attempted to analyze the impact of varying concentrations of the β-SiC nanodomains on
the thermal conductivity; however, a clear distinction between the SiC and free carbon
contributions on the observed thermal conductivities have not yet been realized. Gurlo, et.al.
(2016) looked further into the influences of these phases on the measured thermal conductivity of
SiOC by analyzing ceramics treated at different temperatures in addition to two ceramics
composited with either zirconium (Zr) or hafnium (Hf) nanoparticles.154 Approximately 6.2 vol%
of free carbon was found in the SiOC sintered at 1100°C, while the ceramic hot-pressed at 1600°C
resulting in approximately 13.35 vol% free carbon. The formulas for these ceramics were
SiO1.54C0.53 and SiO1.59C0.66, respectively. In addition, this latter sample contained no measurable
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porosity while the sample sintered at only 1100°C had up to 12 vol% porosity. In both samples,
the volume fraction of the SiC phase was kept constant to eliminate any effects of this phase on
variations in the thermal conductivity. The thermal conductivities of these samples was measured
up to temperatures of 1300K and the results were compared to the measured values for amorphous
carbon, fused silica, and graphite (Figure 1.17). The ceramic processed at higher temperatures and
containing a larger amount of free carbon resulted in an overall higher value for thermal
conductivity. This was likely due to the phase separation and ordering of the conductive graphitic
carbon phase as noted above. However, both ceramics appeared to have thermal conductivities
that were nearly independent of measurement temperature. When Zr or Hf nanoparticles were
introduced to the SiOC matrix, there was a minimal impact on the measured thermal conductivity.
When 7.4 vol% of ZrO2 nanoparticles were added to the composite, the room temperature thermal
conductivity was approximately 1.2 W/ m·K. However, when 4.5 vol% of HfO2 nanoparticles were
added, a minimal increase of thermal conductivity to 1.5 W/ m·K was observed with the pure SiOC
thermal conductivity being approximately 1.4 W/ m·K at this temperature.
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Figure 1.16 The thermal conductivity of SiOC with varying amounts of free carbon, from 0 vol% to 17 vol% in C1
through C17, respectively. Also graphed are fused silica and amorphous carbon for comparison. Reprinted with
permission from Ref. [153]. Copyright 2018.
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Figure 1.17 Thermal conductivities of two SiOC ceramics with individual phase thermal conductivities as a
function of measurement temperature. Reprinted with permission from Ref. [154]. Copyright 2016 The American
Ceramic Society.

In addition to these electrical and thermal conductivities reported on SiOC ceramics, there
has been some work in developing these ceramics for use as semiconductors in piezoelectrics,
which has provided some preliminary data that supports the design of this material for future
thermoelectric applications.134,156,157 The gauge factor of poly(methylsilsesquioxane) sintered at
various temperatures were measured and compared with the resulting nanostructure of the
ceramics.156 Even when high concentrations of carbon were introduced into the preceramic
polymer, gauge factors of the ceramics after pyrolyzation at 1100°C showed very high Ohmic
resistances (ca. 136000 k Ω) and resulted in the inability to retrieve a gauge factor. This is likely
due to the lack of formation of the sp2 carbon phase at this temperature as well as a lack of
percolation of this phase. Upon further phase separation and percolation of the conductive
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graphitic carbon phase, the Ohmic resistance was decreased significantly to 3.3 k Ω and a very
high gauge factor of 145 was determined. This behavior was later summarized by a tunnelingpercolation model.134 In this model, it was suggested that prior to the phase separation and
percolation of the conductive sp2 carbon phase, electrons were transported through the ceramic via
tunneling of the localized electrons. However, once the phase separation occurred to the point of
sp2 carbon percolation, the electrons were then transported along the connected carbon pathways
provided throughout the ceramic. In this particular work, a poly(methylsilsesquioxane) was again
analyzed and the nanostructure and Ohmic resistance was measured as a function of sintering
temperature (i.e. 1100°C or 1400°C) as well as compressive force (i.e. 6.2 to 11.5 MPa). While
these ceramics have been shown to behave as electron conductors over a wide temperature range,
the ceramics processed at 1100°C possessed a high resistance and did not show any piezoresistive
behavior, which agreed with the previously reported results. Once the phase separation occurred,
however, the more efficient percolation transport mechanism took over and the Ohmic resistance
dropped dramatically, providing a piezoresistive material under the testing conditions. When under
a compressive load, the resistances of these ceramics dropped further and demonstrated a gauge
factor of approximately 104.
While this section only briefly highlights some of the key studies related to the thermal and
electrical properties of SiOC ceramics, it is clear that it is possible to tune the nanostructure of the
ceramics to have a high electrical conductivity while maintaining a low thermal conductivity – two
key needs for the development of new thermoelectric materials. While a ceramic containing a high
concentration of free carbon that easily forms an electrically percolated network is ideal, the
presence of such a high amount of carbon within the ceramic could pose future problems in the
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thermal stability of the ceramics. However, this short review also suggests that the thermal stability
with respect to material degradation can be fine-tuned by altering the nanostructure and the
associated kinetics and thermodynamics of the carbothermal and oxidation mechanisms, which
become a concern when examining the operation of these materials at high temperatures.
1.3

Experimental Design

There is an apparent need for the creation of non-toxic, naturally abundant, and low-cost
thermoelectric materials in order to continue to advance the state of thermoelectric energy
conversion both in space and here on Earth.23,158 In order to tackle this problem, the work presented
in this dissertation addresses the potential of the silicon oxycarbide system described in Section
1.2 to perform in this manner by precisely tuning its structure and properties for use in
thermoelectric devices. As such, it is hypothesized that the inclusion of a pre-formed graphitic
network as a filler to the SiOC matrix will promote not only the percolation of the free carbon
phases and support the enhancement of the electrical conductivity of the ceramic, but it will also
impart another nanostructural feature to the ceramic matrix, promoting the formation of multiple
nanoscaled interfaces that can act to scatter phonons and reduce the lattice contribution to the
thermal conductivity. While Section 1.2.2 showcases how many different variables affect the final
thermal and electrical properties of any given SiOC ceramic, this work will focus on one polymeric
system forming the ceramic matrix and at a limited set of processing conditions in order to isolate
the impact that the addition of the pre-formed graphitic network has on the resultant electrical and
thermal properties of the ceramic. This approach will lend itself well towards showcasing the
promise of such system in future thermoelectric materials while offering potential pathways for
material refinement to create PDC thermoelectric materials with a high ZT value.
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To achieve this proposed graphene-SiOC ceramic matrix nanocomposite (CMNC), a preformed graphitic network is introduced to the ceramic matrix via a replica-based templating
process, which produces isotropic SiOC CMNCs. Introducing the graphene nanomaterials to the
ceramic matrix should promote (1) the percolation of the graphitic domains within the SiOC matrix
even at low pyrolysis temperatures, supporting electrical conduction via the electron percolation
model versus electron tunneling134; (2) the homogeneous distribution of this external graphene
nanofiller; (3) the formation of graphene within the ceramic that is independent of the exact
chemistry of the ceramic precursor and that should not contribute towards a degradation in the
material stability at very high temperatures like the in-situ formed graphitic-like carbon domains;
and (4) the introduction of many interfaces with different physical qualities that can scatter a range
of phonons and reduce the lattice contribution to the overall thermal conductivity of the ceramic.
Utilizing such techniques enables the design of a material from the bottom up, creating a “perfect”
material with the desired PGEC behavior mentioned previously. These four hypotheses regarding
the fabrication of such graphene loaded SiOC CMNCs were examined in depth by analyzing the
physical (Chapter 2), thermal and electrical (Chapter 3), and mechanical (Chapter 4) electrical
properties.
1.4

Relevance to NASA’s Missions

Since this dissertation has been supported by a NASA Space Technology Research
Fellowship (#NNX16AM88H), it is critical to discuss the impact that the success in this research
would have on the future of space exploration. The future of space exploration, where a robotic
and human presence extends deeper into space than ever before, new technologies and new
approaches to old technologies are critical to successfully achieving this mission. As described by
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NASA’s Space Technology Roadmaps, two key areas stand out that support the research proposed
in this dissertation where new, game-changing materials for thermoelectric energy generation are
being explored.2,159 The roadmap for Technology Area 3 specifically addresses Space Power and
Energy Storage issues.2 Within this roadmap, it is specifically stated that the space agency needs
to develop lightweight, highly efficient materials that convert even low-quality heat (i.e. nonradioactive decay) into usable electrical energy while maintaining a long operating life. The
roadmap for Technology Area 10 (Nanotechnology) further addresses the need to develop
lightweight, high engineered materials through the use of nanotechnology.159
Further, if thermoelectric materials can be made to be more environmentally friendly and
more cost-effective while simultaneously being able to efficiently scavenge and convert low
quality heat, it can be expected that the application of thermoelectric devices in the general
community will substantially increase. With a cheaper device, it would be possible to include a
thermoelectric generator in an automobile to convert the waste heat from the engine into electricity
that can be used by the automobile.17 More efficient devices could be incorporated into wearable
technologies where the small thermal gradient between the skin and the environment can be used
to power things like wearable medical devices. The possibilities are truly limitless – the work
proposed here could help to contribute to the area of developing cheap, efficient, and
environmentally friendly thermoelectric devices to be used everywhere, worldwide.
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2. MODIFICATION TO THE SILICON OXYCARBIDE MICRO- AND
NANOSTRUCTURE THROUGH INCLUSION OF GRAPHENE
NETWORKS
2.1

Introduction

While a detailed literature review related to the structure of silicon oxycarbide (SiOC) with
varying chemistries and processing conditions was provided in Chapter 1, this section aims to
understand how the inclusion of graphene nanosheets affect the structural development of SiOC.
Only one preceramic polymer was used throughout this dissertation, providing the controlled
variable throughout all of the studies presented here. There were two independent variables that
were used: (1) the graphene content in the ceramic was varied from 0 to 2 wt% and (2) the
processing temperature varied from pyrolysis at 1000°C to annealing at 1500°C. The results of
this section will highlight how these two independent variables impact the chemistry and structure
of SiOC. This data will later be used Chapters 3 and 4 to understand how these variables impact
the electrical conductivity, thermal conductivity, and mechanical properties.
2.2

Experimental Details

The fabrication of the graphene modified SiOC ceramics described in this section relate to
the materials studied throughout the remainder of this dissertation. In Chapters 3 and 4, any
additional experimental details that are described will relate only to the characterization methods
employed, not the actual fabrication of the SiOC specimen.
2.2.1

Materials

SILRES® H62C (methylphenylvinylhydrogen siloxane), a commercially available
siloxane, was chosen for use as the sole preceramic polymer material for this work. SILRES®
H62C was obtained from Wacker Chemie AG (Munich, Germany) and was used as received. The
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siloxane was cured at 160°C for 16 hours, prior to any pyrolysis or annealing that is described in
Section 2.2.4. A polyvinyl alcohol (PVA) foam (FoamKing) with a pore size of less than 200 m
and an approximate porosity of 45% was used as a template for creating isotropic, porous ceramics
as described in Section 2.2.2. Edge-functionalized graphene oxide (EFGO) was used as the source
of graphene for creating the graphene-SiOC composites. The EFGO was obtained from Garmor,
Inc. (Orlando, Florida) and was used as received. All gases and basic chemicals used during this
work were obtained from either a NASA or UCF contract and were used as received.
2.2.2

Fabrication of Isotropic Graphene-Loaded Composites (via. Replica Templating)

Replica templating has been known to be an easy way to produce ceramic foams from
preceramic polymers

88

. After infiltrating a porous solid template with the preceramic matrix

material, the system could be pyrolyzed at temperatures typically above 1000°C, which not only
induced the polymer-to-ceramic conversion process but also the decomposition of the solid
template. What is left after this processing is a ceramic with pores that mimic the characteristics
of the cellular structure of the solid template material (Figure 2.1) 88. For the porous SiOC ceramic
nanocomposites created in this work, a PVA foam was used as the porous template. This PVA
foam was known to begin decomposing at approximately 350°C, completing its decomposition at
temperatures around 500°C (Figure 2.2). After full decomposition, a minimal 1.5 wt% of PVA
char residue was left, which was shown to contribute to the final ceramic composition through the
deposition of amorphous carbon species (Section 2.3.2).
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Figure 2.1 Illustration of the replica forming technique of porous PDCs. Reprinted with permission from Ref. [88].
Copyright 2016 Elsevier.

Figure 2.2 Thermogravimetric analysis of the decomposition of the PVA foam used in this work illustrating the near
completion of decomposition around 500°C and the final weight of PVA foam of 1.467 wt% at 1000°C.
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The overall processing scheme for the production of porous SiOC ceramic nanocomposites
with isotropically aligned graphene sheets is shown in Figure 2.3. To begin, EFGO was first
dispersed in ethanol via ultrasonication for 30 minutes at 10% amplitude (FisherbrandTM Model
705 Sonic Dismembrator, Thermo Fisher Scientific, Inc.). The amount of EFGO in ethanol was
varied from 3 to 7 mg/mL in order to explore the effect that graphene had on the structural,
mechanical, electrical, and thermal properties of the system. The associated ceramic
nanocomposites fabricated from the 3, 5, or 7 mg/mL EFGO/ethanol solutions are labeled as SiOC3, SiOC-5, or SiOC-7 throughout the remainder of this dissertation, respectively. Upon fabrication
of the respective EFGO/ethanol solution, pieces of PVA foam were immersed in this solution at
room temperature until complete coating of the pores with EFGO was achieved. This typically
took around 2 hours but was highly dependent on the dimensions of the PVA foams used. After
the foams were completely coated with EFGO, the coated foams were removed from the solution
and dried at 50°C for approximately 12 hours, or until completely dried. The dried foams were
then backfilled with the SILRES® H62C liquid siloxane polymer using vacuum-assisted
infiltration. The siloxane filled foams were then cured at 160°C for approximately 16 hours,
creating a ‘green body’ composite. The green body composites were then pyrolyzed and annealed
according to the processing steps outlined in Section 2.2.3.
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Figure 2.3 Schematic of the fabrication process of the graphene-SiOC ceramic nanocomposite via replica
templating techniques.

In addition to the graphene-loaded samples, pure SiOC (i.e. no PVA template) and porous
SiOC templated with a clean PVA foam were also fabricated. Pure SiOC was fabricated by filling
a mold with pure SILRES® H62C, curing at 160°C for 16 hours, and pyrolysis according to Section
2.2.3. Porous SiOC templated with a clean (non-graphene) PVA foam was fabricated according to
Figure 2.3, omitting step 1. Again, these samples were pyrolyzed according to Section 2.2.3. These
samples are labelled as SiOC and SiOC-0, respectively.
2.2.3

Solid-State Thermolysis (Pyrolysis)

The ceramic conversion process took place in an inert argon atmosphere in a Lindberg Blue
M Furnace (ThermoFisher Scientific) equipped with a one-inch quartz tube. The pyrolysis process
occurred with a 0.5°C/min heating rate to 300°C and subsequently 350°C, with a 2 hour hold at
each of these temperatures. From 350°C to 1000°C, a 1.0°C/min heating rate was used with a 2
hour hold at 600°C and 1000°C. The composites produced at this point were considered to be
ceramics.
For some studies, high temperature annealing was carried out in an MTI GSL 1600X-OTF
split tube furnace (MTI Corporation, California) equipped with an alumina tube and nitrogen gas.
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The annealing was carried out at either 1200 or 1500°C for 8 hours. Any sample that was annealed
will contain the annealing temperature in its label. For example, the SiOC made with a 7 mg/mL
EFGO/ethanol solution as described in Section 2.2.2 and annealed at 1500°C will be labeled as
SiOC-7@1500.
2.2.4

Characterization Methods

The material’s microstructure was characterized using a variety of techniques.
Additionally, due to the nature of the collaborative environment that surrounded this dissertation,
in some cases, different instruments were utilized to collect the same type of data. Instruments at
NASA Glenn Research Center, NASA Langley Research Center, and The University of Central
Florida were utilized during different parts of this study. While this is something that should be
mitigated in future iterations of this research, the machine that each data was collected on will be
explicitly stated.
The chemical composition of the ceramics was obtained from an external lab, NSL
Analytical (Warrensville Heights, Ohio). LECO analysis was performed to obtain carbon and
oxygen contents, while gravimetric analysis was performed to obtain the silicon content. For
scanning electron microscopy (SEM) and scanning transmission electron microscopy (STEM), a
Hitachi S-5200 Ultra-High Resolution FE SEM (Hitachi High-Tech Group) was used. Any postprocessing analysis done on the images taken from the SEM/STEM was done by ImageJ (National
Institutes of Health). X-ray photoelectron spectroscopy (XPS) was conducted on a custom-built
machine at NASA’s Langley Research Center as well as a Physical Electronics PHI 5400 15 kV
dual electrode machine. The Langley machine was equipped with a dual electrode, where the Al
Kα radiation gave consistent results for this work. However, the Mg Kα electrode of the PHI 5400
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was utilized when this machine was used for XPS data collection. The X-ray diffraction (XRD)
data presented in this dissertation was conducted on two separate instruments as well. One was a
Rigaku SmartLab (Rigaku Americas Corporation) multi-purpose X-ray diffractometer set-up with
a Bragg-Brentano and parallel beam geometry, equipped with a D/teX Ultra 250 detector. This
machine was also equipped to measure small-angle X-ray scattering (SAXS). The other XRD
instrument was a Malvern Panalytical Empryean Alpha-1 spectrometer equipped with a Johansson
type Ge monochromator and Cu Bragg-Brentano geometry. Raman spectroscopy was carried out
on a Thermo Nicolet Almega XR Raman spectrometer (Thermo Fisher Scientific, Inc.) with a 780
nm laser. Data was collected at 80% laser power and a 50 μm pinhole. Density and porosity
measurements were determined using the Archimedes method as described in ASTM C373 –
88(2006) Standard Test Method for Water Absorption, Bulk Density, Apparent Porosity, and
Apparent Specific Gravity of Fired Whiteware Products. Such measurements were obtained from
a combination of a Mettler Toledo Excellence Level Balance along with a Mettler Toledo Density
Kit. A Q-50 Thermogravimetric Analyzer (TGA) from TA Instruments was used to look at
decomposition and thermal stability of the systems. A deeper look into the thermal transitions of
the ceramics was achieved by one of two differential scanning calorimeters (DSC) – a Q-5000
DSC from TA Instruments or a Netzsch DSC 300 F1 Pegasus High-Temperature DSC.
2.3

Results and Discussion

*Some sections adapted from: Shen, C.; Barrios, E.; Zhai, L. Bulk Polymer-Derived Composites
of Graphene Oxide. ACS Omega, 2018, 3 (4), 4006-4016.80
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2.3.1

Characterization of Starting Materials

The starting materials were characterized via SEM, STEM, and XPS prior to beginning
any composite fabrication. EFGO was imaged using STEM to verify the graphene oxide sheet
sizes, as well as its ability to form single layer or multilayer structures when dispersed via
ultrasonication in ethanol (Figure 2.4). The EFGO used in this work was on the order of tens to
hundreds of nanometers in size and was found to be in a multilayered structure. The chemistry of
this EFGO starting material was confirmed via XPS (Figure 2.5). In addition, this material was
compared with a graphene oxide (GO) material that was under consideration for different
composite fabrication methods and to gain an understanding of the differences in oxidation
between the EFGO and GO oxidized by a modified Hummer’s method.160 The survey spectra of
both materials demonstrated mainly oxygen and carbon peaks. One of the key differences between
the two GO materials, however, is the ratio between the C and O peaks. The EFGO has a higher
ratio of carbon to oxygen atoms (ca. C:O = 12.3), which is indicative of the edge-only oxygen
functionalization of this material and the retention of the graphitic surface of the sheets. As a
comparison, the large GO sheets prepared in a typical route via the modified Hummer’s method
shows a higher concentration of oxygen functional groups (ca. C:O = 2.68), where
functionalization likely occurred on both the plane of graphene sheets as well as its edges. High
resolution spectra of the C1s spectra of EFGO is shown in the inset of Figure 2.5. Deconvolution
was obtained using a Shirley baseline and curve fitted using Origin Pro software. Analysis of this
C1s curve indicates three prominent peaks corresponding to the sp2 C-C bonds of the graphene
plane (~284 eV); the C-O bonds of either alcoholic, phenolic, or ether functional groups (~ 286
eV); and the C=O carbonyl groups (~ 288 eV).
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200 nm
Figure 2.4 STEM images of the EFGO used in this study. EFGO showed graphene sheets on the order of tens to
hundreds of nanometers in size with several layers in the multi-layered structures observed.

EFGO
GO

Figure 2.5 XPS survey spectrum of EFGO and the high-resolution, deconvoluted carbon peak (inset).
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Since the PVA foam was a generic, off-the-shelf foam, the nature of the porous structure
had to be analyzed and understood. To do this, pieces of the foam were dried at 50°C overnight
and then cut and sputter coated with gold for imaging via SEM. Figure 2.6 shows an example of
the porous structure of these foams. These images were analyzed with ImageJ to determine the
irregular distribution of pores on the order of 200 m or less and the approximate porosity of 45%.
In addition, it can be observed that the cell walls of the foam contain some closed porosity, which
likely does not have a strong impact on the formation of the graphitic network due to the inability
of the EFGO solution to penetrate these types of pores when processed via the methods described
in Section 2.2.2. The rippling of the cell walls likely impacts the texturing that was later found in
the fracture surfaces of the isotropic SiOC-graphene composites and should be noted for future
discussions.

100 um

Figure 2.6 SEM image of a pure PVA foam cross-section, prior to any compositing with graphene oxide or silicon
oxycarbide.
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2.3.2

Chemistry and Structure of Graphene-SiOC Composites

To begin studying the impact that the EFGO and replica-templating process had on the
formation of porous, isotropic graphene-SiOC composites, this section focuses on the
characterization of the pure SiOC ceramic (i.e. SiOC), an unmodified PVA-SiOC composite (i.e.
SiOC-0), and an EFGO-modified PVA-SiOC nanocomposite (i.e. SiOC-7). All of these samples
were pyrolyzed at 1000°C. A summary of the basic material properties of these ceramics is
presented in Table 2.1.

Table 2.1 Basic chemical and structural information of isotropic, porous SiOC composites using the replicatemplating process. In addition, pure SiOC ceramics (SiOC) are presented as well. All samples were pyrolyzed at
1000°C with no further heat treatment at this point.

Pure SiOC had a chemical formula of SiC2.61O1.22. When composited with the PVA foam
template (i.e. SiOC-0), the final composition of the SiOC ceramic experienced a notable increase
in the molar concentration of carbon, when normalized with respect to the molar concentration of
silicon in the system (i.e. C/Si=3.06 in SiOC-0 versus C/Si=2.61 in SiOC). This increase in the
molar concentration of carbon corresponded to a weight increase of approximately 3.1 wt%, which
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is about double the char residue found when a pure PVA foam was pyrolyzed to 1000°C during
the initial TGA analysis presented in Figure 2.2. There are likely two things that are happening
here that lead to an increase in the carbon content of this PVA loaded SiOC composite: (1) the
pyrolysis char residue of PVA naturally leads to an increase in the carbon content of the final
ceramic composite. However, this carbon is likely not productive towards the formation of the
conductive graphitic carbon regions and is more likely just increasing the amorphous carbon
content of the ceramic composite; and (2) the higher weight percent of carbon added after the
addition of the PVA template, when compared with typical char products of pure PVA foams, is
likely due to the trapping of the PVA decomposition products within the ceramic matrix and its
inability to fully decompose in the same manner as was shown in Figure 2.2. It is likely that most
of this carbon is amorphous and is concentrated at the interior pore walls. While there might be a
slight increase in the graphitic carbon present due to the PVA addition, this is likely not the case
due to the XRD and Raman results presented in Figures 2.7 and 2.8, as well as the electrical
conductivity results discussed in Chapter 3 of this dissertation. The addition of approximately 1.41.9 wt% of EFGO via the 7 mg/mL EFGO/ethanol solution (confirmed via TGA analysis) led to a
slight increase in the overall carbon content of the ceramic. Once again, when normalized with
respect to the molar concentration of silicon in the system, the C/Si ratio was found to be 3.08 in
SiOC-7 versus the C/Si=3.06 in SiOC-0. Although a very small difference in the overall carbon
concentration, the key difference between SiOC-0 and SiOC-7 is that the addition of a small
amount of graphitic carbon in the form of EFGO appeared to promote the formation of detectable
graphitic carbon domains within the ceramic (Figures 2.7 and 2.8, Table 2.2). In addition, when
considering the electrical conductivity results presented in Chapter 3, it is highly likely that the
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graphene introduced by EFGO causes electrical percolation of the conductive graphitic domains
of the PDC. This type of electrical percolation is often not observed in SiOC ceramics unless a
very high carbon loading is present in the pre-ceramic polymer. Additionally, this is typically not
observed until the ceramics are annealed at significantly higher temperatures, inducing phase
separation and stronger ordering of the conductive phases.
There is a notable decrease in the ceramic yield upon addition of the PVA foam that is
nearly fully recovered when EFGO has been added to the system. While long-term thermal studies
via TGA techniques was in-progress when work halted due to COVID-19, it is hypothesized that
upon the addition of only a PVA foam to the ceramic matrix, a slight insulating effect occurs due
to the insulative nature of the PVA foam itself. This would result in an alteration to the thermal
transport profile throughout the composite during pyrolysis of SiOC-0 when compared to the
pyrolysis of SiOC. In other words, it is expected that the SiOC-0 ceramic composite does not have
the same time-temperature profile during pyrolysis as does the SiOC ceramic. Similarly, the
addition of EFGO once again alters the thermal transport through the material during pyrolysis. It
is expected that initial thermal transport of SiOC-7 might be similar to SiOC-0 due to the less
conductive nature of the oxygen-functionalized graphene sheets combined with the PVA template.
However, as the temperature is increased and the EFGO begins to be thermally reduced, restoration
of some of the conductive properties of graphene occurs and the thermal conductivity of the
samples is expected to increase, thus promoting a more efficient transfer of heat throughout the
ceramic composite during pyrolysis. This is hypothesized to lead to a time-temperature profile
throughout SiOC-7 that is much closer to that of pure SiOC, achieving the ceramic yield of SiOC7 shown in Table 2.1. The measured differences between the ceramic yields of SiOC and SiOC-7
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is likely due to the high degree of porosity of SiOC-7. The nature of the inclusion of such pores
filled with air in any material prohibits the efficient thermal conduction through a material when
compared to its dense counterpart, such as SiOC studied in this work.
When pyrolyzed at 1000°C, all samples appeared to be X-ray amorphous, showing no
indication of long-range order within the system (Figure 2.7). The spectra of SiOC and SiOC-0
(Figure 2.11a) were obtained by the Panalytical Empyrean machine while the spectra of SiOC-7
(Figure 2.11b) was obtained by the Rigaku SmartLab machine. The use of these two machines to
collect this data leads to the slight differences in intensities of the measured signals, as well as the
signal-to-noise ratios that is present in the above spectra. However, the results are as expected and
are similar to what has been observed in literature for any SiOC ceramic pyrolyzed at 1000°C.
Like most SiOC ceramics pyrolyzed at only 1000°C, there is a slight, very broad hump, centered
on approximately 22-23°, which is often associated with the amorphous SiO2 phases that are quite
apparent in such ceramics at this temperature. However, as was described in Chapter 1, this does
not mean that local order on the nanometer-scale was absent from these ceramics. Rather, advanced
techniques such as small angle scattering via neutrons or X-rays (non-carbon domains)90,161–166,
Raman spectroscopy (carbon domains)153,167–170, or etching (silica domains)30,31,40,88,127,129 are
necessary to fully characterize the short-range order present in these ceramics.
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(a)

(b)

Figure 2.7 XRD spectra of (a) SiOC and SiOC-0 and (b) SiOC-7, all pyrolyzed at 1000°C.

In this dissertation, investigation into the nature of the graphitic carbon nanodomains was
possible through use of Raman spectroscopy. In such carbon materials, the double degenerate E2g
vibrational mode becomes active in Raman, where the carbon atoms are moving within the plane
of graphene. The most prominent peak associated with this vibrational mode occurs around 1582
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cm-1, while there is a lower frequency peak around 47 cm-1 as well. In addition to this vibrational
mode, there is typically a peak around 1360 cm-1, which corresponds to any structural disorder that
might be present within the graphene plane such as defects due to the presence of oxide groups. In
addition, sometimes there is an additional 2D overtone peak at approximately 2690 cm -1 that can
help identify the number of layers within a certain carbon domain; however, this peak was not
observed in the Raman spectra collected for this dissertation. A key to uncovering the nature of
the graphitic carbon in any material focuses on the understanding of these two main peaks (i.e. D
and G) and their relationships to one another. Example Raman spectra of these three samples are
shown in Figure 2.8, while the full data set corresponding to characterization of these carbon
domains is shown in Table 2.2. In addition, the evolution of the Raman data of SiOC and SiOC-7
during the pyrolysis process is presented in Figure 2.9, which was previously reported in Shen, C.,
et.al. (2018) and the dissertation by my colleague, Dr. Chen Shen.80,171 The inclusion of this data
aids in understanding the effects that the EFGO had on SiOC structural development. In Figure
2.8, the first thing to notice is the relationship between the D and G peaks, which can shed light
onto the concentration of graphitic carbon, the amount of carbon defects in the system, and whether
the carbon is present as nanocrystalline domains or as amorphous carbon regions.169 While the
average values of the ID/IG ratios appear to vary with respect to each specific sample, when
considering the statistical averages from 15 data points of each sample, changes to the averages of
these ID/IG ratios can be considered to be not statistically significant. The lateral crystallite size of
the carbon domains (LA) and the average distance between defects in the carbon domains (LD) can
be determined by analyzing the areas under each peak according to Equations 2.1 and 2.2,
respectively.153,170
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Where λL is the wavelength of the laser used [nm] and AD and AG are the integrated areas
under the D and G peaks, respectively. Based on the results of these calculations (Table 2.2), the
average size of the graphitic-like carbon regions within the ceramics was relatively consistent at
30-31 nm throughout all of the samples examined in this portion of the study. This indicated that
the addition of PVA or EFGO to the ceramic matrix did not appear to directly affect the growth of
the carbon regions within the ceramic matrix. This data also suggests that any graphitic-like carbon
added to the ceramic via compositing with PVA or EFGO was likely undetectable via this
analytical technique or the domain sizes were much smaller than that of the native carbon formed
in the ceramic matrix. More advanced techniques would be needed to delineate the contributions
of these carbon-containing components of these composites. By comparing LD to the radius of the
active region within a carbon material (rA), it is possible to determine whether the relative
concentration of defects is “low” or “high”. The rA [nm] is said to be the area of a material that can
be indirectly affected by a concentrated source of disorder with a radius of rS [nm]. If LD is at least
two times greater than rA (i.e. LD > 2·rA), the relative concentration of defects in the carbon regions
of a material is accepted to be low and it is typically observed that the ID/IG ratio will scale with
defect density. However, if LD is smaller than this value, there is typically a very high concentration
of defects within the material and an increase in the defect density would actually cause a
misleading decrease in the ID/IG ratio. This decrease is due to the generally amorphous structure
that would be associated with such a highly disordered system, which causes an overall decrease
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in the Raman signals of any sample. Based on the determination of rA to be approximately 3 nm
in the simulations presented by Lucchese, et.al. (2010), the determination of LD to be around 15
nm in this set of samples suggests that the overall defect concentration in these ceramics is low,
regardless of whether or not the SiOC is composited with PVA or EFGO.170

Figure 2.8 Raman spectra of SiOC (black line), SiOC-0 (red line), and SiOC-7 (green line).
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Table 2.2 Raman data of SiOC, SiOC-0, and SiOC-7 pyrolyzed at 1000C.

Raman spectroscopy was also used to monitor the development of the graphitic domains
during the pyrolysis process in the SiOC and SiOC-7 samples. In some of the intial work completed
during these dissertation studies but that were not the focus of the present dissertation, the inclusion
of graphene was proven to facilitate the formation of graphitic domains in PDC nanocomposites
based off of silicon carbonitride (SiCN) and graphene aerogels.100 For the SiOC samples discussed
in the present work, a similar effect was found (Figure 2.9). In the pure SiOC ceramic (Figure
2.9a), there were no discernable D or G peaks related to the development of any sort of ordered
carbon phase below 800°C. Around 900°C, the D and G peaks commonly found in graphitic-like
carbon began to form and strengthen as the pyrolysis completed at 1000°C. However, when
graphene was added to the ceramic in the form of EFGO, a slightly different behavior was
discovered (Figure 2.9b). The SiOC-7 nanocomposite showed Raman signals related to the
graphitic carbon domain at a lower temperature of around 700°C. This is interesting to note
because both pure GO and reduced graphene oxide (rGO) of any sort is known to show discernable
Raman peaks that correspond to both the D and G peaks of graphitic carbon (Figure 2.10).172–175
It is expected that the spectrometer has a hard time detecting this external loading of the EFGO
itself due to its relatively small concentration in the sample (ca. 1.4-1.9 wt%). However, the earlier
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detection of the D and G peaks of the graphitic carbon in SiOC-7 suggests that this addition of
EFGO supports the earlier formation of graphitic carbon within the SiOC matrix. In addition, this
EFGO could support the percolation of the free carbon nanodomains of the SiOC matrix and that
this percolation could also contribute to this earlier onset of the Raman active peaks. Analysis of
the peak shifts in these spectra also support this conclusion. In SiOC, it was shown that the G band
blue shifts by 3.9 cm-1 while the SiOC-7 sample shows a much larger blue shift of 28.3 cm-1 when
pyrolyzed at 1000°C. Based on past work, this further suggests the transformation of amorphous
carbon into graphitic carbon.176–178 Knowing that excess carbon atoms typically segregate between
SiO2 domains within the SiOC matrix, the graphene is likely affecting the thermodynamic and
kinetic factors contributing towards the phase separation processes, which led to an overall
reduction in the crystallization activation energy and an overall lowering of the crystallization
temperature. This is something that should be investigated in detail in future studies, likely by
some calorimetric studies.

(a)

(b)

Figure 2.9 Raman spectra of (a) SiOC and (b) SiOC-7 as a function of temperature during pyrolysis up to 1000°C.
Reprinted from Ref. [80]. Copyright 2018 The American Chemical Society.
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Figure 2.10 Raman spectra of EFGO flakes, showing the D peak (1343.9 cm-1), the G peak (1563.8 cm-1), and the
2D peak (2693.6 cm-1). Reprinted with permission from Ref. [80]. Copyright 2018 The American Chemical
Society.

Figure 2.11 showcases the TGA profiles of the composite and each of its components when
subjected to heat up to 1000°C in a nitrogen atmosphere. The PVA foam has the most dramatic
weight loss, showing a minimal char residue at 1000°C, as highlighted in Figure 2.2, and indicating
that a small amount of PVA is left in the composites pyrolyzed at 1000°C. The EFGO, however,
experiences minimal weight loss in this temperature regime and likely corresponds to moisture
loss at lower temperatures and the thermal reduction of the oxygen functional groups, resulting in
reduced graphene oxide (rGO) at 1000°C. The preceramic polymer (SILRES) shows the
decomposition of the organic polymer between 300 and 800°C, before conversion into a ceramic
between 900-1000°C. During this decomposition and transformation of the organic polymer into
the ceramic, the Si-H and SiC bonds in the polymer break and lead to the formation of gases such
as methane and hydrogen.75,112,179 This composite shows the major weight loss at temperatures
ranging from 200°C to 800°C, retaining approximately 61% of its mass after pyrolysis (Table 2.1).
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Figure 2.11 TGA curves of pure GO (black line), preceramic polymer SILRES H62C (red line), pure PVA foam
(green line), and composite of the three components (blue line). Reprinted from Ref. [80]. Copyright 2018 The
American Chemical Society.

The scanning electron micrographs shown in Figure 2.12 show the internal structure of the
ceramic produced above, both from a machined surface and fracture surface point of view where
the fracture surfaces were obtained during the compressive loading testing described in more detail
in Chapter 4. Upon examination of the machined surfaces shown in Figure 2.12a and b, pores on
multiple size scales can be found, where the larger pores likely result from the release of the gases
from PVA decomposition whereas the smaller pores result from the natural gas evolution during
the ceramitization process of the siloxane polymer.180 The addition of the PVA is expected to have
a large contribution to the measured porosity in these samples. As noted previously, the porosity
of these ceramic was measured via the Archimedes method and the results are reported here in
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Table 2.1. While the porosity of the pure SiOC samples used in this study were unable to be
obtained due to COVID-19, it is expected that the porosity of these samples is much lower (<10
vol%) due to the method of processing, the higher degree of brittleness when handling these
samples, and a comparison to literature values for similar precursors and processing methods. A
comparison between SiOC-0 and SiOC-7 indicates that there is a slight increase in the porosity of
the final ceramic when EFGO is inserted into the ceramic matrix. However, when considering the
statistical significance, this contribution is minor and is likely due to the reduction of the EFGO
sheets to reduced EFGO, producing a small amount of gas during this reduction reaction. It should
also be noted that the porosity of the samples measured in this study were obtained from the 2 x 2
x 4 mm bars of specimen that were fabricated for the compressive studies described in Chapter 4.
While 30 samples of each specimen type were evaluated for this porosity determination, the size
scale of these samples, combined with the heterogeneous nature of the pore distribution in the
porous template, could have led to the large statistical variation in the porosity amongst each
sample set. In the future, it would be worthwhile to measure a number of larger samples to get a
better understanding of each material as a bulk sample. Nonetheless, it was found that SiOC-0 had
a porosity of approximately 14.4 ± 7.06 vol% while SiOC-7 had a porosity of 19.3 ± 6.62 vol%.
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(a)

(b)

500 um

500 um
(c)

50 um
Figure 2.12 SEM micrographs of a polished surface of (a) SiOC-7 and (b) SiOC-0. While the texture of the pore
walls was shown in Figure 2.10, (c) showcases the fracture surface of the ceramic with graphene coating the pore
walls. The finer rippling, when compared to Figure 2.10, is indicative of the deposition of the graphene layers at this
interface.

Figure 2.12 also shows an SEM micrograph of the fracture surface of SiOC-7 (Figure
2.12c), which illustrates the nature of the inclusion of graphene sheets into the ceramic matrix via
replica-templating methods. While it was previously shown that the internal walls of the pores of
the PVA foam had a textured surface to them (Figure 2.6), examination of this fracture surface
suggests the deposition of the EFGO flakes onto the pores walls and a retention of the EFGO
“film” that formed on the pore walls once the PVA templated was decomposed. The wrinkling
observed in Figure 2.16c, when compared with that of Figure 2.6, shows a much finer wrinkling
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pattern, indicative of such imperfect graphene sheets and can be observed in many other studies of
graphene materials.181,182
2.3.3

Impact of Graphene Content and Pyrolysis Temperature on Isotropic Composite
Structure

The literature review presented in Chapter 1 highlights the impact that processing
temperature, beyond the initial pyrolysis at approximately 1100°C, has on the nano- and
microstructural features of the SiOC ceramic system. With the understanding that beyond
approximately 1200°C phase separation and crystallization can be observed in many SiOC
systems, it becomes essential to understand how the presence of the EFGO sheets impact the
present ceramic nanocomposite at elevated temperatures. To achieve this, SiOC nanocomposites
with varying concentrations of EFGO were annealed at temperatures beyond 1000°C.
Additionally, considering the kinetic and thermodynamic impact associated with the structural
transformations of such systems as described in Chapter 1, the length of the annealing process at
these elevated temperatures was another significant factor to consider. In the work presented here,
any sample that was annealed at high temperatures was annealed for 8 hours. Future studies would
benefit from investigating different lengths of annealing at these elevated temperatures.
XRD was the first technique used to evaluate any long-range order that may have
developed in these samples at high temperatures. While it is known that these ceramics remain Xray amorphous at temperatures below 1200°C, many SiOC ceramics begin to show some longrange order at higher temperatures, indicating the formation of highly ordered graphitic domains
and β-SiC.75,112 For the ceramics pyrolyzed at 1000°C (Figure 2.13, left), spectra consisting of no
discernable peaks were found. This suggested the retention of the amorphous nature of the ceramic
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nanocomposites at 1000°C, regardless of how much EFGO was used as a filler. Unlike SiOC-7
pyrolyzed at 1000°C (Figure 2.7), there is not an apparent presence of the broad hump centered on
2θ = 21-22° that corresponds to the amorphous SiO2 phase. This suggests that the presence of the
EFGO sheets in the ceramic has some sort of effect on the phase development of SiOC. While
more work has to be done to understand why this happens as well as the extent of this impact, it
might be that the functionalized EFGO is able to react with the siloxane precursor, which in turn
affects the decomposition and ceramic transformation processes during pyrolysis. A worthwhile
investigation might be TGA coupled with mass spectrometry (MS), along with XRD and Raman
spectroscopy, in order to investigate the pyrolysis products and phase formation as a function of
temperature when EFGO is present in the ceramic system. When the temperature is raised to
1500°C and the samples are held at this temperature for 8 hours, some structural changes were
observed (Figure 2.13, right). While SiOC-3 and SiOC-7 appear to remain X-ray amorphous at
this temperature, SiOC-5 does suggest the development of some long-range ordering (i.e.
crystallization). In this sample, there appears to be a weak, broad reflection at 2θ ≈ 35°, which is
typically associated with the formation of a β-SiC domain. However, this is typically accompanied
by similarly weak and broad reflections at 2θ ≈ 62 and 75°. In the SiOC-5 ceramic showed here,
these reflections are actually quite sharp. This might suggest a slight variation in the arrangement
of β-SiC domains within this sample, where the (220) and (311) reflections are stronger than the
(111) plane. These results suggest that the amount of carbon added to the nanocomposite in the
form of EFGO does indeed impact the way the SiOC structure develops. While a high
concentration of excess carbon in a system in known to suppress the phase separation in SiOC,
and could possibly be the reason for the retention of the amorphous nature of the ceramic even
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after annealing at 1500°C for 8 hours, there is an unexpected suppression of the phase separation
of the ceramics fabricated from the 3 mg/mL EFGO/ethanol solution (i.e. SiOC-3). At this time,
more investigations are required to give certainty to the behaviors demonstrated in Figure 2.13.
Since this is a system that does not yet have a deep body of knowledge presented in literature, once
again, calorimetric studies coupled with more detailed structural analysis would be highly
beneficial to this study.

Figure 2.13 XRD spectra of samples with varying concentrations of EFGO filler at 1000°C (left) and 1500°C
(right).

Raman spectra was collected on this same range of samples pyrolyzed at 1000°C or
annealed at 1500°C, and the characteristics of the G and D peaks were analyzed (Figure 2.14).
There appears to be a blue shift in the general location of the G bands by approximately 15 cm-1
when pyrolyzed at 1000°C.167,176,177 Analysis of the G and D peaks from the 1000°C pyrolyzed
samples indicates that there is a slight increase in the ID/IG ratio as the EFGO content is raised,
with the highest ratio of 1.78 found when approximately 1.4-1.9 wt% of graphene was added to
the composite in SiOC-7. While there are a multitude of factors that can influence the shape of
both the G and D peaks, it is expected that the combination of the slight ID/IG increase and the blue
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shift of the G band corresponds to the conversion of the EFGO into reduced EFGO (i.e. graphitic
carbon).176 Upon annealing at 1500°C, these peaks appeared to sharpen and the ID/IG ratio
increased further for SiOC-3 and SiOC-5. Additionally, the blue shift in the G peak is reduced to
approximately 5 cm-1. The combination of these two results suggests the further transformation
into ordered nanocrystalline graphite domains, where the ID/IG ratio could correspond to the
formation of a higher number of smaller domains of this type. The large decrease in SiOC-7
annealed at 1500°C is noteworthy. While the peak shift is similar to the SiOC-3 and SiOC-5
samples annealed at this temperature, is appears as though the D peak intensity decreases
significantly with respect to the G peak in this sample. This could suggest a few different structural
changes such as the formation of larger, graphitic carbon domains where the sp2 bonding becomes
more prevalent in these systems. However, at this time, more Raman studies with varying EFGO
concentrations and annealing environments are needed in order to retrieve statistical information
on this data. Additionally, it would be helpful to couple this data with small angle X-ray or neutron
scattering to understand, in more detail, how the nanostructure is evolving in the presence of EFGO
and with various processing environments.
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(a)

(b)

Figure 2.14 Raman spectra of samples created via the replica-templating technique with different concentrations of
EFGO pyrolyzed at (a) 1000°C and (b) 1500°C. The table provides details of both the G and D peaks.

2.4

Efforts to Create Dense Graphene-SiOC Nanocomposites

As will be observed in Chapter 3, in order to produce highly successful materials for
thermoelectric applications there is a need to produce fully dense materials. Thus, preliminary
efforts to demonstrate an alternative method of fabrication to the ceramic nanocomposites is
discussed here. In this effort, it was suggested that a reduced graphene oxide aerogel (rGOA) could
be used in place of the EFGO coated PVA foam as an alternative method for pre-forming a
percolated graphitic network prior to compositing with a SiOC matrix.
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2.4.1

Technological Importance of Graphene Aerogels

*Adapted from: Barrios, E.; Fox, D.; Li Sip, Y.Y.; Catarata, R.; Calderon, J.E.; Azim, N.; Afrin,
S.; Zhang, Z. Nanomaterials in Advanced, High-Performance Aerogel Composites: A Review.
Polymers, 2019, 11 (4), 726.183
Aerogels have become one of the most exciting materials of the 21st century. The unique
processing strategy produces materials with extremely high porosities and low densities, high
specific surface areas, high dielectric strengths, and low thermal conductivities.184–186 These
properties have made aerogels novel and intriguing materials for applications in aerospace, energy
generation and storage, biomedical devices and implants, sensors, and coatings.185 Since the
introduction of the silica aerogel by Kistler in the 1930’s, aerogels have been made out of a variety
of materials including metal oxides, chalcogenides, biopolymers, and resins to name a few. More
recently, aerogels have entered the realm of nanotechnology, incorporating a variety of
nanomaterials into the aerogel matrix and using such materials to create composite aerogels.187,188
The preparation of aerogels typically involves three distinct steps: (1) the sol-gel transition
(gelation), (2) the network perfection (aging), and (3) the gel–aerogel transition (drying). Once the
desired materials are selected for the fabrication of the aerogel, the precursor materials are
dispersed in a liquid (i.e., colloidal dispersion) and allowed to gel, thus forming a continuous
network of solid particles throughout the liquid.189 For some materials, the transition from a
colloidal dispersion into a gel happens without the addition of crosslinking materials.190 For others,
crosslinking materials are added to the dispersion to promote the strong interaction of the solid
particles in order to form the gel.191,192 The gelation time depends heavily on a variety of factors
such as the chemical composition of the precursor solution, the concentration of the precursor
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materials and additives, the processing temperature, and the pH.187,191,193–195 Many materials may
require additional curing after gelation (i.e., network perfection) in order to strengthen the aerogel
network.191,196–200 Once the gelation is completed, the gel is dried in such a way as to minimize the
surface tension within the pores of the solid network. This is typically accomplished through
supercritical fluid extraction using supercritical carbon dioxide (scCO2) or freeze-drying. In the
work presented in this dissertation, freeze-drying has been utilized in order to produce anisotropic
alignment of the graphene sheets in the final ceramic nanocomposite (Figure 2.15).

Figure 2.15 The basics of the freeze-drying process of aerogels. (Top) depicts the phase diagram and changes that
occur within a pure compound upon freeze drying; (bottom) the standard freeze-drying processing technique that
grows anisotropic aerogels with pores that mimic the ice crystal formation that develops during the freezing of the
aqueous solutions. Reprinted with permission from Ref. [183]. Copyright 2019.
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Freeze-drying, also known as freeze-casting or ice-templating, offers an alternative to the
high temperature and high-pressure requirements of supercritical drying. Additionally, freezedrying offers more control of the solid structure development by controlling the ice crystal growth
during freezing (Figure 2.15).201–204 In this method, a colloidal dispersion of the aerogel precursors
is frozen, with the liquid component freezing into different morphologies depending on a variety
of factors such as the precursor concentration, type of liquid, temperature of freezing, and freezing
container.202,204,205 As this liquid freezes, the solid precursor molecules are forced into the spaces
between the growing ice crystals. Once completely frozen, the frozen liquid is sublimed into a gas
through lyophilization, which removes much of the capillary forces as was observed in
supercritical drying (Figure 2.15).206,207 Though typically classified as a “cryogel,” aerogels
produced through freeze-drying often experience some shrinkage and cracking while also
producing a non-homogenous aerogel framework.189 This often leads to freeze-drying being used
for the creation of aerogel powders or as a framework for composite aerogels.100,205,208–210
2.4.2

Utilizing Graphene Aerogels for Fabrication of Dense PDC Nanocomposites

Anisotropic graphene-SiOC composites were created via this freeze-drying approach and
is schematically illustrated in Figure 2.16. Aqueous GO dispersions were achieved through 90
minutes of ultrasonication. Immediately following sonication, the homogeneous GO dispersions
were placed into a mold and set on top of a block of dry ice to freeze in an anisotropic manner.
Once completely frozen, the GO solution was dried using lyophilization in order to remove the
water from the system and create the highly porous, lightweight GO aerogel. The GO aerogels
were then converted into reduced GO aerogels (rGOA) using a two-step reduction process: (1)
hydrazine vapor reduction for 2 hours at 90°C, followed by (2) thermal reduction in a hydrogen
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atmosphere at 1000°C. The rGOAs were then backfilled with siloxane using vacuum assisted
infiltration for approximately 16 hours at room temperature. The siloxane filled aerogels were then
cured at 160°C for 16 hours to create the aerogel “green body” composite. These composites were
pyrolyzed in the same manner as described in Section 2.2.4. These composites were fabricated
with one of two concentrations of graphene in the aerogel: 3 mg/mL or 5 mg/mL. These pyrolyzed
samples are subsequently labeled as SiOC-3a or SiOC-5a, respectively.

Figure 2.16 Schematic representation of the freeze-drying, aerogel fabrication process used in this experimental
work.

2.4.3

The Impact of Graphene Aerogels on SiOC Nanocomposite Structure

For materials destined for thermoelectric devices, an ideal material would be fully dense.
Therefore, future iterations of the SiOC nanocomposites need to be further refined to reduce the
ceramic porosity, which means removing the sacrificial foam template that has been discussed in
detail in the previous sections. To do this, it is being proposed that the use of graphene aerogels to
obtain the graphene network prior to inclusion in the ceramic matrix could achieve such a dense
nanocomposite.
While ideally, a full preliminary study would have been completed on this material design,
the onset of COVID-19 prevented the full data collection of the graphene aerogel-based
88

composites. This section highlights some of the initial data that was able to be collected, along
future directions and hypotheses based on the available literature discussions of graphene aerogel
loaded SiOC nanocomposites.
The GO and SILRES starting materials have been individually characterized in depth in
the preceding sections. Figure 2.17 shows some of the micrographs of the graphene aerogels
fabricated according to the procedure diagramed in Figure 2.16. As was expected, the graphene
sheets aligned against the growing ice crystals, creating an isotropic graphene aerogel. By
controlling the growth of the ice crystals during the freeze-drying process, it should be possible to
obtain different aerogel microstructures prior to compositing with the SiOC matrix.182,204,211 This
is a fact that makes this method of compositing graphene with SiOC so intriguing – future studies
could vary the aerogel structure prior to compositing with a PDC to examine the effects of
alignment on the thermoelectric properties. Due to the nature of creating a graphene aerogel out of
reducing graphene oxide, the graphene sheets within the aerogel show a rippled texture
characteristic of such non-pristine graphene sheets. Additionally, it is expected that the ceramic
matrix shrinks during pyrolysis, further contributing to the wrinkling of the graphitic structure
imparted by the graphene aerogel.
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(b

100 um

100 um
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100 um
Figure 2.17 Scanning electron micrographs of aerogels made from a 3 mg/mL GO/water solution from different
angles showing the directionality and alignment of the reduced graphene oxide sheets within the aerogel structure.
(a) shows the direction of ice growth, indicating the alignment of the graphene sheets along the freezing direction.
(b) shows an angled view from the top of the aerogel down, further demonstrating the connectivity of the sheets
along the growth direction but the separation of the sheets perpendicular to the growth direction. (c) shows a higher
resolution image of the plane of the graphene sheets along the growth direction.

When the graphene aerogel was composited with the SiOC matrix, a much denser ceramic
nanocomposite seemed to form as opposed to the PVA templated nanocomposite (Figure 2.18a).
Additionally, while chemically it is difficult to distinguish between the graphene aerogel and the
ceramic matrix via elemental dispersive spectroscopy (EDS) itself due to the chemical similarities,
visually, the rigid separations between the smooth dense sections of the ceramics is likely the result
of the presence of the graphene aerogel (Figure 2.18a, white arrows). This visual analysis of Figure
2.18a, with the assumption that the rigid interfaces are introduced by the graphene aerogel,
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suggests the very clear percolation of the graphitic carbon network regardless of what
nanostructural changes are ongoing in the ceramic matrix itself. This fact suggests that this type of
material could be an excellent candidate for future thermoelectric studies of the SiOC polymer
derived ceramic. Looking more deeply at the microstructure of this composite (Figures 2.18b and
c), it becomes evident that there is some porosity still present in this material design of the SiOC
nanocomposite, where pores on the order of 10 – 100 μm were observed. However, from this
preliminary work, it is visually evident that the ratio of pores to dense ceramic regions decreases
when compared to the composite made from replica-templating of EFGO onto the PVA foam
(Section 2.3). One last thing to note is the nature of the fracture surfaces present in these images.
While this study is not complete and only a limited number of samples were able to be investigated,
it appears as though fracture occurs via an intragranular nature upon consistent loading of force.
This is similar in nature to the mechanical behavior of the PVA templated ceramic nanocomposites
discussed in more detail in Chapter 4.
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(b)
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(c)

50 um
Figure 2.18 Scanning electron micrographs of graphene aerogel and SiOC ceramic composites. The images shown
here are labeled as SiOC-3a in Section 2.2.3. (a) shows a wide view of the fracture surfaces examined in (b) and (c),
where the graphene aerogel is visible and is identified by the white arrows in (a). The dense areas of SiOC matrix
along with the graphene aerogel are clearly identified in the fracture surface shown in (b). While some porosity is
evident, it is much less porous than the replica templated SiOC nanocomposites shown in Figure 2.16 and 2.19. The
rippling of the graphene sheets is evident and highlighted in (c) by the white arrows.

This visual data represents only the beginning of the study related to the utilizing graphene
aerogel based SiOC nanocomposites for thermoelectric applications. It will be especially
intriguing to evaluate this system at various graphene aerogel loading contents and different
annealing temperatures and investigating the structural development as a function of XRD, Raman,
and ideally some small angel X-ray or neutron scattering methods – a sort of parallel to the studies
presented in Section 2.3. It would also be highly interesting to perform calorimetric studies on
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these systems, and compare it to that data retrieved from the PVA-templated system, in order to
understand if the more intimate interaction between the graphene aerogel and the SiOC matrix in
the absence of the insulating PVA barrier has a strong affect on the thermodynamics and kinetics
of the structural transformations of these systems.
Since this area of research is newer, there are not many studies out there that can be
analyzed in depth and extrapolated to the specific system at hand in order to accurately hypothesize
what results might have been obtained if the laboratory work was not interrupted by COVID-19.
However, there is one study that was worked on in the very beginning stages of this project which
was utilized to develop the initial hypothesis that graphene aerogels might be useful in the
development of SiOC nanocomposites for future thermoelectric applications.100 This next section
highlights this paper and is intended to be used in conjunction with the results presented in this
dissertation for further refinement of these material systems for thermoelectric applications.
2.4.4 Anisotropic Electrical Conductivity in Polymer Derived Ceramics Induced by Graphene
Aerogels
*Adapted from: Shen, C.; Calderon, J.E.; Barrios, E.; Soliman, M.; Khater, A.; Jeyaranjan, A.;
Tetard, L.; Gordon, A.; Seal, S.; Zhai, Z. J. Mater. Chem. C., 2017, 5 (45), 11708-11716.100
Bulk polymer derived ceramics (PDCs) with anisotropic electrical properties were
fabricated by embedding anisotropic reduced graphene oxide aerogels (rGOAs) into a SiCN
ceramic matrix.

When 1 – 4 wt% of rGOA was added to the matrix, it functioned as a

reinforcement to the ceramic and made it possible to produce a bulk ceramic composite. The
rGOAs produced in this work showed similar structures to those shown in Figure 2.17. Examples
of the composites created in this study are shown in Figure 2.19, where the transversal cross93

section (Figure 2.19a) shows the separation of the graphitic sheets when looking parallel to the
growth direction while the longitudinal cross-section (Figure 2.19b) shows the wrinkling of the
graphitic sheets observed in SiOC-3a shown in Figure 2.18. Raman spectroscopy and XRD of
these samples are shown in Figure 2.20 and indicate the onset of graphitic-like carbon formation
at temperatures as low at 700°C. In the Raman spectra (Figure 2.20a and b), the differences
between pure SiCN and rGOA/SiOC suggests that the rGO likely had a role in lowering the
amorphous to graphite transition temperature. This is much like the results observed in the present
study related to the PVA-templated graphene-SiOC system (i.e. SiOC-3, SiOC-5, or SiOC-7). It
is reasonable to assume that based on this data on the SiCN system, along with the PVA-templated
graphene loaded SiOC discussed in this dissertation, that the graphene aerogel SiOC ceramic
nanocomposites would behave very similarly and would offer an earlier appearance of graphitic
carbon with the ceramic structure. XRD also supported the earlier onset of graphitic domain
formation in the rGOA-SiCN nanocomposites (Figure 2.20c). When graphene was included in the
SiCN ceramic in the form of an aerogel, very clear graphitic reflections from the (002) XRD peak
of graphite at approximately 26.5° was found at temperatures as low as 700°C. Since the
concentration of the graphene flakes from the aerogels are so low in concentration, and there was
no indication of the typical reduced graphene oxide peak around 25°, it is expected that the
graphitic evidence in both Raman and XRD are in fact due to the earlier onset of graphitic domain
formation within the ceramic matrix versus only the presence of the rGOA. Once again, this
indicates a more intimate interaction between the graphene sources and the PDC matrix that ought
to be explored in more depth in future studies. Nonetheless, the review of this rGOA-SiCN ceramic
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nanocomposite mimics the structural behaviors observed in the PVA-templated EFGO SiOC
nanocomposite and very likely extend to the rGOA-SiOC nanocomposite described previously.

(a)

(b)

Figure 2.19 SEM images of the (a) transversal and (b) longitudinal cross-sections of graphene aerogel SiCN
nanocomposites. Adapted from Ref. [100]. Copyright 2017 The Royal Society of Chemistry.
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(a)

(b)

(c)

Figure 2.20 Raman spectra of pure SiCN (a) and graphene aerogel loaded SiCN (b). X-ray diffraction (c) of
graphene aerogel loaded SiCN nanocomposite. Reprinted from Ref. [100]. Copyright 2017 Royal Society of
Chemistry.
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2.5

Conclusions and Future Considerations

The nature of the early stages of this research produce many additional questions and
considerations for future work. In this chapter, the influence of graphene and annealing
temperature was investigated for their effects on the nano- and microstructural development of
SiOC nanocomposites. The nanocomposites produced in this work attempted to introduce
graphene fillers, in the form of a percolated network, to a polymer derived SiOC ceramic matrix.
Porous composites containing such a graphitic network were produced via a replica-templating
process. In addition to the detailed studies of this system, an alternative method of graphene
inclusion was introduced – the use of a graphene aerogel. A few data points are presented on this
system. To support this hypothesis and the future work on this alternative SiOC composite
fabrication method, our past work on a similar system has been summarized here to serve as a
point of reference.
Graphitic networks were successfully incorporated into a SiOC ceramic matrix by means
of replica-templating. Evidence of the deposition of EFGO sheets into the matrix were proven by
means of scanning electron microscopy, where graphene sheets were found on the walls of the
pores of the composite. Chemical analysis indicated that both the polymer template and the EFGO
contributed towards a modification in the overall chemistry of the ceramic composite, where the
template appeared to add amorphous carbon to the system while the EFGO added graphitic carbon.
In addition, the incorporation of EFGO into the ceramic matrix appeared to significantly impact
the development of the free carbon phase of the ceramic matrix, where the presence of EFGO
showcased an earlier observation of the graphitic carbon peaks in Raman spectroscopy. This effect
was further explored when the ceramics were annealed at 1500°C for 8 hours. While there appears
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to be some threshold for a change in how exactly the EFGO impacts the nanostructural SiOC
development, at relatively low concentrations (i.e. SiOC-3) and relatively high concentrations (i.e.
SiOC-7) it appears that the incorporation of EFGO inhibits crystallization and phase separation of
the ceramics. The latter is expected as it has been well documented that high concentration of
carbon act to stabilize the ceramic nanostructure. However, at medium concentrations in this
sample set, there appeared to be the onset of crystallization of some sort of SiC phase, as indicated
by X-ray diffraction.
While it is clear that there is some strong impact the EFGO on the SiOC nanostructure, the
exact details are still uncertain and require more experimental observations including very
advanced techniques. With the knowledge that thermodynamics and kinetics plays a strong role in
how and why the SiOC nanostructure develops, it is necessary to study these parameters as a result
of the inclusion of EFGO. As such, it is recommended that future studies explore the following:
(1) composites created from a wider range of EFGO concentrations; (2) composites created from
a wider range of annealing temperatures, explored also as a function of annealing time; (3) more
detailed thermal studies to explore the effects of EFGO on the pyrolysis of SiOC, likely to include
thermogravimetric analysis couple mass spectroscopy to understand the chemical evolution of
such SiOC nanocomposites; (4) performing calorimetric studies of the samples studied within this
text, as well as the above recommended extended studies, and coupling them with more advanced
analytical techniques that can probe nanostructures with more detail (i.e. small angle X-ray and
neutron scattering, microRaman, selective etching of the various phases); and (5) performing
molecular dynamics simulations and ReaxFF on such systems.
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In addition, the worthiness of exploring the SiOC composite created through the use of a
graphene aerogel have been demonstrated. The initial results of this system combined with the
similar studies presented on the graphene aerogel-SiCN system described in Section 2.2.4
showcase how such an approach towards creating the desired nanocomposite of SiOC and
graphene should yield more dense systems with higher electrical properties, and thus, a more
viable material for integration into thermoelectric applications.
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3. THE EFFECTS OF PERCOLATED GRAPHENE NETWORKS AND
PHASE DEVELOPMENT ON THE ELECTRICAL AND THERMAL
PERFORMACE OF SIOC CERAMICS
*Adapted from: Barrios, E.; Zhai, L. (2020). Embedded Graphene-Silicon Oxycarbide Porous
Ceramics for Thermoelectric Applications, 71st International Astronautical Congress, submitted
to the conference proceedings on August 30, 2020.
3.1

Introduction

A literature review on the current knowledge of the thermal and electrical properties of
SiOC ceramics was presented in Chapter. However, to the best of my knowledge, there is currently
not much information related to the thermoelectric performance of such ceramics, nor on the
thermal and electrical properties of SiOC nanocomposites loaded with carbon nanomaterials. In
Chapter 2, the details related to the chemical and structural information of graphene loaded SiOC
nanocomposites was presented. In this chapter, these ceramic nanocomposites are evaluated for
their potential future use in thermoelectric devices. To illustrate such potential, four main
parameters were measured and evaluated: (a) the thermal conductivity, (b) the electrical
conductivity, (c) the Hall mobility and carrier density, and (d) the Seebeck coefficient. While the
majority of the discussions will revolve around the isotropic (i.e. replica-templated) composites,
the anisotropic (i.e. aerogel) composites will be introduced.
3.2

Experimental Details

The thermal conductivity was determined via three separate measurements: (a) the heat
capacity, (b) the thermal diffusivity, and (c) the density of the ceramics. These data points were
then combined according to Equation 3.1, where κ is the thermal conductivity (W/m-K), α is the
thermal diffusivity (m2/s), CP is the heat capacity (J/kg-K), and ρ is the density (kg/m).
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𝜅 = 𝛼 ∙ 𝐶𝑃 ∙ 𝜌

( 3.1)

The heat capacities and densities of the ceramics were retrieved by the measurements
described in Section 2.2.5, where the Netzsch DSC instrument was used for these heat capacity
determinations. ASTM E1269-11 Standard Test Method for Determining Specific Heat Capacity
by Differential Scanning Calorimetry was followed for this measurement. The thermal diffusivity
was measured by the laser flash analysis (LFA) technique, depicted in Figure 3.1, where a sample
with a known cross-section is heated on one side with a laser and the time of thermal evolution on
the opposing side of the sample is monitored. In this dissertation, a Netzsch LFA 457 Microflash
machine was used and the measurements were conducted in accordance with ASTM E1461
Standard Test Method for Thermal Diffusivity by the Flash Method. Samples with dimensions of
12.5 mm in diameter and approximately 2.5 mm thick were prepared for this work. In order to be
opaque to the laser radiation, the surfaces of these composites were coated with a graphite aerosol
paint. A complete data set consisted on 5 laser shots on two samples for a total of 10 data points
per sample composition and processing environment.
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Figure 3.1 Basic schematic of the laser flash analysis technique. Image Credit: Netzsch.

The Hall measurements were conducted on a 7600 Series Hall Measurement Device by
Lake Short Crytronics. Identification of the carrier mobility, carrier type, carrier concentration,
and zero-field electrical resistivity of the composites was retrieved from this technique. The
novelty of this technique is that both a magnetic and an electric field are applied to a material and
the movement of charge carriers can be monitored (Figure 3.2b). When a magnetic field is applied
perpendicular to a sample plane and an electrical current runs parallel to the sample plane, a force
acts on the charge carriers (i.e. the Lorentz force) in accordance to the right hand rule and causes
the movement and buildup of charge carriers on one end of the material. This charge accumulation
causes a voltage to be measured across the material – the Hall voltage (VH) – which describes
whether the semiconductor is p- or n-type. When the carrier type is holes (i.e. p-type
semiconductor), a positive VH is measured, while for a semiconductor with a majority carrier type
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of electrons (i.e. n-type), the VH is measured to be negative. The Hall field can be calculated from
these measurements and subsequently, the Hall coefficient (RH) can be determined and leads to
the further determination of both the carrier density and carrier mobility. Ideally, these
measurements would be conducted on samples no more than 0.5 mm thick; however, due to the
brittle nature of these particular SiOC composites, 1 mm thickness was used, and the analysis was
modified accordingly. Electrical contacts were made according to the van der Pauw configuration,
as shown in Figure 3.2a. Sufficient electrical contact between these probes and the sample surface
was achieved through utilizing silver paint. These samples were tested in an electrical current
ranging from -100 µA to +100 µA in a magnetic field up to 1 T. All data presented here was
collected at room temperature (approximately 25oC).

(a)

(b)

Figure 3.2 Schematic of (a) the van der Pauw configuration for Hall and electrical resistivity measurements and (b)
schematic of the Hall measurement theory.

Seebeck coefficients were measured on a ZEM-3 measurement system. Samples with
dimensions of 4 mm x 4 mm x 22 mm were fabricated. A four-point probe method was employed
and the measurement was set up as shown in Figure 3.3. The Seebeck coefficient (mV/K) and the
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electrical resistivity (Ω-cm) were measured as a function of temperature, ranging from 90-600°C
in a helium atmosphere. The ZT could then be calculated from these measurements.

Figure 3.3 ZEM-3 Seebeck measurement set-up. Image from manufacturer of the ZEM-3, Advance Riko, Inc.

In addition to the electrical resistivity measurements measured as a result of the above two
techniques, the 4-point probe electrical resistivity was measured using an Ossila Four-Point Probe
System which is capable of measuring a wide range of electrical resistances in thin materials.
While ideally used for the measurement of sheet resistance (RS) of thin films, the data collected
seemed to be consistent and reasonable when compared to the resistances obtained from the two
aforementioned techniques. As such, thin ceramic samples of approximately 1 mm in thickness
were used in these measurements. According to the documentation, this measurement system can
successfully measure the sheet resistance of 1 mm thick samples in the range of 100 μΩ·m – 10
kΩ·m (i.e. conductivity in the range of 100 μS/m – 10 kS/m). In order to extract the RS to the
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overall electrical resistance of the sample, Equation 3.2 was employed and then the electrical
conductivity was calculated from this resistance according to Equation 3.3.

𝜌 = 𝑅𝑆 ∙ 𝑡

( 3.2)

1

𝜎=𝜌

( 3.3)

Where ρ is the electrical resistivity [Ω·m], t is the thickness [m], and σ is the electrical
conductivity [S/m]. To measure the electrical conductivity through the bulk material, the electrical
resistance across the length of the samples used for Seebeck measurements was collected using an
electrochemistry workstation (CH Instruments). This resistance was converted to electrical
conductivity values and was repeated three times for each sample.
3.3

Results and Discussion

With the low technology readiness level (TRL) of this research, obtaining reliable
measurements of these thermal and electrical material properties was the last step of this current
research effort. However, once the materials in Chapter 2 were successful made after much trialand-error, obtaining some insight into these properties was critical to the primary goal of this
dissertation – determining the future potential of a graphene-loaded SiOC nanocomposite for
thermoelectric performance. The majority of the results presented in this chapter relate to the
ceramic samples fabricated via the replica-templating process from the 7 mg/mL EFGO/ethanol
solution. However, as this was the final stage of the current research efforts, the data collection on
these materials was halted due to COVID-19. For samples other than SiOC-7, sporadic data that
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was able to be collected is presented with holes in the data being hypothesized by looking at data
and theories presented in literature on similar systems.
3.3.1 Thermal Conductivity
Determination of the thermal conductivity of experimental materials is one of the most
challenging, yet important, material quantities to determine.212 While there are many methods to
determine the thermal conductivity of materials (i.e. guarded hot plate, hot disk, and laser flash),
determination of the technique to be used in a specific instance depends highly on the material
properties, the expected thermal diffusivities of the samples, and the desired measurement
environment. For many studies on thermoelectric systems, which are often composed of some sort
of ceramic material, laser flash analysis (LFA) is one of the most commonly cited method
employed.7,153,154,213–215 This transient measurement method, which actually measures thermal
diffusivity, was the one chosen for this work as well. This method is advantageous in that
measurements can be taken over a wide range of temperatures (ca. -100-3000°C), which enables
analysis of thermoelectric materials for a range of different operational atmospheres. Additionally,
depending on the specific instrument being deployed, solids, liquids, or powders can be analyzed.
LFA measurements are typically quite rapid with high accuracy, enabling a high throughput for
such experimental data. However, there are many downfalls to using this method. These systems
are typically quite expensive and sample preparation is critical, as it is necessary to avoid any laser
leakage in or around the sample as this would cause inaccurate measurements. Additionally, they
are not ideal for insulative samples; however, this method is still regularly employed to measure
insulative samples with modifications to the machine, sample holder, and exact analytical method.
For the LFA machine used in this study to analyze the bulk solid samples of the ceramic
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nanocomposites, sample dimensions were of the utmost importance in order to avoid laser leakage
around the samples. In the manufacturing of the green body samples prior to pyrolysis, shrinkage
and sample deformation had to be taken into account. Post-pyrolysis processing typically consisted
of further machining with a diamond saw followed by subsequent sanding, polishing, and
treatment with an aerosolized graphite spray in order to create a sample that fit perfectly within
the loading cell.
The correct operation and functionality of the machine was verified through running an
analysis of an iron standard. The results of the thermal diffusivity of the ceramic nanocomposites
measured by the LFA method are presented in Figure 3.4a. While a full spectrum of samples and
annealing conditions would reveal a deeper understanding, there are some interesting trends that
can be found in this data set. The trends of each sample with respect to measurement temperature
seem to be nearly identical. When pyrolyzed at 1000°C, it appears that the inclusion of
approximately 2 wt% of EFGO (i.e. SiOC-7) reduces the overall thermal diffusivity of the
composite. With the knowledge that the diffusivity represents a ratio between the amounts of heat
that a material can conduct versus the amounts of heat that a material can store, it is possible that
there is a threshold of EFGO inclusion that would provide an ideal balance of both of these
components. In this limited set of data, it appears that SiOC-7 with approximately 1.4-1.9 wt% of
EFGO in the final composite supports a higher heat capacity and capability to store more thermal
energy within the system. This trend was mirrored in the measurements for heat capacity, which
are presented in Table 3.1. The measured CP of SiOC-7 is higher than that of SiOC-3 at values of
0.701 J/g·K and 0.068 J/g·K, respectively. Thermal conductivity was determined by employing
Equation 3.1, where the density of SiOC-7 pyrolyzed at 1000°C was determined via Archimedes
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method and was presented in Chapter 2 as ca. 1.39 ± 0.010 g/cm3. The density of the SiOC-3
samples pyrolyzed at 1000°C or annealed at 1200°C were determined via geometrical and weight
measurements due to the low number of samples available for density determination. These
measured density values were 1.389 g/cm3 and 1.337 g/cm3, respectively. These values were
determined to be reasonable and acceptable for thermal conductivity determination when
compared to the density values presented in Table 2.1 for SiOC, SiOC-0, SiOC-7 pyrolyzed at
1000°C. The major material studied in the present dissertation, SiOC-7 pyrolyzed at 1000°C,
showed the highest thermal conductivity of the three materials successfully analyzed. When
analyzed at room temperature (ca. 25°C), the measured thermal conductivity was found to be
approximately 0.745 W/m·K. Increasing the measurement temperatures led to a simultaneous
upward trend in the thermal conductivity, reaching a maximum of approximately 0.886 W/m·K at
a temperature of 300°C. The data collected on this sample was every 100°C – more data points
would give more insight into where this plateau actually occurs. However, when considering
operation as a thermoelectric material and achieving a thermally insulative sample, this data is
highly encouraging. Even with the highest amount of loading with the external EFGO filler, the
maximum thermal conductivity of SiOC-7 with 1.4-1.9 wt% of EFGO loading is less than 1
W/m·K. While SiOC-3 showcased a lower thermal conductivity than SiOC-7, it is interesting to
note that upon annealing at 1200°C, there was not a significant impact on the measured thermal
conductivities of the two samples. Both samples had nearly identical values of thermal
conductivity when measured at room temperature – 0.0689 W/m·K and 0.071 W/m·K for samples
pyrolyzed at 1000°C and annealed at 1200°C, respectively. Both samples appeared to follow a
similar trend as SiOC-7, where conductivity increased slowly with measurement temperature.
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These two samples were successfully measured up to a temperature of 250°C. At this temperature,
only a minor deviation between the two samples was observed, where the sample that underwent
8 hours of annealing at 1200°C post-pyrolysis showcased a slightly higher thermal conductivity of
0.376 W/m·K when compared to the sample only pyrolyzed at 1000°C, which had a thermal
conductivity of 0.346 W/m·K. While deeper thermal studies must be conducted on these samples,
including a wide variety of annealing temperatures and times, it appears that it is possible to
maintain low thermal conductivities even when phase separation begins. It is, however, expected
that upon notable crystallization of some of the nanodomains within SiOC occurs at higher
temperatures (ca. > 1350°C), there might be a substantial increase in the overall thermal
conductivity of the system. Yet with the highly nanostructured features inherent to SiOCs, and
PDCs in general, it is expected that the overall increase in thermal conductivity will remain on-par
with current state-of-the-art skutterudite materials due to phonon scattering on multiple length
scales within the ceramics.216,217
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Figure 3.4 Thermal diffusivity (a) and thermal conductivity (b) of the replica-templated ceramic nanocomposites.
This data represents the partial data set of all of the samples fabricated as described in Chapter 2.
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Table 3.1 Table summarizing the thermal properties of SiOC-3 and SiOC-7 at 1000°C and 1200°C when measured
at 25°C. In addition, the pre-ceramic composite (i.e. the green body)

This study was extended by estimating the thermal conductivity for fully dense EFGOSiOC materials containing 1.4-19 wt% EFGO. These values were calculated via the Rule of
Mixtures for composite materials, presented in its classical form in Equation 3.4.218–221 While there
are multiple different methods for estimating the material properties of composite or two-phase
materials, most are not 100% accurate or require detailed information regarding the material - more
than is presently known about the systems studied in this work. Additionally, the simplicity of the
Rule of Mixtures model provides a convenient method for estimation of such properties and
enables a screening of suitable materials for future studies. Therefore, it has been proposed that
the simple Rule of Mixtures is sufficient in satisfying the boundary conditions needed to predict
the upper or lower bounds of some properties of composites or two-phase materials. This
calculation has been shown to be useful for determination in a variety of material properties, such
as the elastic constant (Young’s modulus) or compressibility, and is therefore presented here in a
generic form.
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𝑋𝑃 = 𝑋1 𝑃 + 𝑋2 (1 − 𝑃)

( 3.4)

Where XP is the material property of the composite or two-phase material, X1 is the material
property of component or phase 1, X2 is the material property of component or phase 2, and P is
the volume fraction of component of phase 1. The simplicity of this estimation in regard to the
graphene loaded SiOC nanocomposites studied here comes with many assumptions that should be
explicitly outlined: (1) the system is considered primarily as a two component system consisting
of the dense structure (SiOC + EFGO) and gaseous voids (pores); (2) each pore contributes
independently towards the thermal conductivity of the system such that if one pore is removed, the
contribution from the other pores is unaffected; (3) the pores are filled with air at 1 atm with a
thermal conductivity at room temperature of 0.026 W/m·K; and (4) the pores all have the same
morphology. What is not considered here, and will require advanced mathematical or modelling
techniques, is the contribution of the quality of interfaces present in the ceramic between EFGO
and the SiOC matrix, the influence of the residual PVA template, and the influence of the pore
morphology and size distribution on the resulting thermal conductivity of the ceramic
nanocomposite. Nonetheless, using this approach estimates that a fully dense composite of SiOC
with 1.4-1.9 wt% loading of EFGO would have a thermal conductivity in the realm of 0.914
W/m·K at room temperature. Separation of the thermal conductivity contributions from the EFGO
(reduced during pyrolysis) and the ceramic matrix is a little more difficult due to the wide
variability in graphene oxide conductivities depending on many factors, such as oxygen
coverage.222 A very rough approximation of the thermal conductivity of the pure SiOC matrix in
this work took into account the amorphous limit of graphene, which is ~11.6 W/m·K. Utilizing
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this value estimates the thermal conductivity of the SiOC matrix pyrolyzed at 1000°C and
measured at 25°C to be around 0.731 W/m·K. Utilizing these estimations, SiOC-0 was estimated
to be 0.627 W/m·K. A summary of this information is presented in Table 3.2.

Table 3.2 Estimation of thermal conductivities of replica templated SiOC ceramic nanocomposites via a simple
Rule of Mixtures in Equation 3.4.

1

Value reported in Ref. [79]
Value reported in Ref. [222]
3
Value reported in this dissertation in Table 2.1
4
Value estimated with Rule of Mixtures
2

Analyzing this data, it is interesting to note just how low the SiOC-3 samples are with
respect to the measured values for SiOC-7 and the green body sample as well as the estimated
values for pure SiOC and SiOC-0. There could be a number of explanations for this, such as an
increase in porosity or poor interfaces between the EFGO and SiOC. In addition, it is not yet known
the impact that any residual PVA char might have on the thermal properties of these ceramics and
this phase should be quantified more explicitly while simultaneously determining the apparent
thermal conductivity of any such residue. Understanding the ultra-low thermal conductivity values
of the SiOC-3 system does indeed require more experimental work to be done. In general, the
evaluation of these thermal properties as a function of composite component and nano-
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/microstructure would benefit highly from advanced simulation techniques such as molecular
dynamics or ReaxFF.145,222,223
3.3.2

Hall Measurements and Carrier Behavior

The Hall measurements of any material provide great insight into how the charge carriers
are flowing through a material. While a series of samples is ready for measurement by the Hall
experiment, for the purpose of the writing of this dissertation, only one sample was analyzed.
SiOC-7 was analyzed by conducting the Hall experiment three times on three different samples of
this composition. The average results of this sample are presented in Figure 3.5. While no
definitive conclusions can be drawn from this single source of data, it provides a baseline for future
studies of this system and thoughts regarding how it might behave during Hall experiments can be
postulated based on a few studies that have looked at Hall measurements of the PDC systems,
which were briefly introduced here in Section 3.2. In this study, like others reported in the past,
there was some controversy between the determinations of the carrier type. Typically, a
semiconductive material will show either positive or negative carrier mobility and will correlate
to either a p-type or n-type semiconductor, respectively. It has been suggested that the SiOC PDC
system will show a predominant p-type behavior in its native state and the SiCN PDC will show a
predominant n-type behavior, although external dopants could alter this behavior.121,224 In the case
presented here, a close examination of the types of charge carrier present show a predominantly ptype behavior with the majority carrier type being that of holes; however, there was some
indication in a few measurements of a negative carrier mobility indicating that electrons might be
at play to some extent in these systems. While a definitive conclusion cannot be drawn on the
present ceramic nanocomposite with the data collected thus far, it is evident that a stronger p-type
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behavior should be designed into the ceramic system to create the p-leg of the thermoelectric
conductor. Nonetheless, it appears that the Hall mobility is in the realm of 10-1cm2/V·s, while the
carrier density is on the order of 1018 cm-3. Based on the Seebeck results that will be presented in
Section 3.3.4, it is suggested that carrier density and carrier mobility need to be further optimized
to produce more electrically conductive materials with a simultaneous improvement in the Seebeck
coefficient.

Figure 3.5 Typical Hall measurements of SiOC-7 pyrolyzed at 1000C.

3.3.3

Electrical Conductivity

The electrical resistivity of these samples was mainly measured by the 4-point probe
method, although both Hall and Seebeck measurements simultaneously measured the electrical
conductivity during the analysis of carrier behavior and Seebeck coefficient, respectively. In

115

addition, one study utilized current-voltage curves to calculate the electrical conductivity. This
section will highlight the results from all of these measurement systems.
In an early paper on this ceramic system, the electrical conductivity was measured during
its pyrolysis process, by measuring a ceramic pyrolyzed at temperatures between 300 and 1100°C
(Figure 3.6).80 The associated shrinkage of each sample was also investigated. As expected, the
electrical conductivity of the ceramic slowly increases as the pre-ceramic polymer slowly converts
into its ceramic counterpart. Even though the ceramics studied here were found to be X-ray
amorphous upon ceramitization, the increase in conductivity is likely due to the chemical changes
that occur and the reorganization of the species within the ceramics, as evidenced in both Chapters
1 and 2. However, there is a simultaneous compaction of the system as a whole during the
ceramitization process, which likely impacts the electrical transport characteristics of the material
as a whole, aiding in creating an easier path for electrons (or holes) to transport along. After
pyrolysis is complete around 1000°C, the electrical conductivity measured in the range appears to
plateau at around 1 S/cm. This was the highest reported value for our system in particular and was
higher than initially anticipated, where a theoretical value of approximately 0.19 S/cm was
estimated.
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Figure 3.6 Electrical conductivity as a function of pyrolysis temperature of SiOC-7. Reprinted from Ref. [80].
Copyright 2018 The American Chemical Society.

Measuring the electrical conductivity via the four-point probe technique and the Hall
experiment yielded electrical conductivities about two orders of magnitude lower than that of the
samples presented above. There are likely two reasons for this: (1) due to the nature of these two
techniques to measure the sheet resistance across the surface of the sample, there is potential for
the formation of an insulative oxide layer on the surface of the ceramics depending on processing
and post-processing conditions; and (2) the limited dimension of this measurement was also more
likely prone to the presence of the pores, the pore distribution, and pore geometry, as a more porous
surface would likely result in an increase in the electrical resistance. This is in comparison to the
measurement through the bulk material via measurement across the length of a sample via
electrochemical measurements. The results from these measurements showcased electrical
conductivities in the realm of 10-2 S/cm, which is still within the values discussed in literature that
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varies significantly from 10-3 S/cm when measured in air up to 5 S/cm when measured in an inert
environment. These values clearly depended heavily on chemistry, processing conditions,
porosity, measurement technique, and measurement environment. There is currently not a very
strong correlation between all of these parameters and the associated electrical properties of the
SiOC system. Drawing such a correlation through additional studies and a review of the current
literature would prove instrumental towards the progress of this material system for future
electrical applications.
The measurements of electrical conductivity during the Seebeck coefficient determination
provided a conductivity value closer to that of the data presented in Figure 3.6. This is likely due
to the geometry of the measurement, where Seebeck measures through the bulk of the sample
(Figure 3.3) versus just the resistance across the surface of a material (Figure 3.2). Seebeck also
enabled a preliminary examination of the cyclability and retention of such electrical conductivity
values when exposed to a heat load. In these measurements, the temperature was cycled one time,
from 20°C up to approximately 550°C and back down to 20°C (Figure 3.7). In this test, only SiOC7 pyrolyzed at 1000°C was tested. At approximately 20°C, a conductivity of 0.235 ± 0.004 S/cm.
When measured up to approximately 550°C, the conductivity was measured to be 0.365 ± 0.007
S/cm. This apparent thermal cyclability of the ceramic with respect to conduction retention was
also demonstrated by my former lab-mate, Dr. Chen Shen, which provides visual appreciation for
this data (Figure 3.8). When connected to an LED light with copper wires and silver contacts, the
ceramic enabled an electrical circuit to be produced. When exposed to heat from the flame of a
torch, the circuit was able to be maintained. Finally, when the ceramic was allowed to cool and
then re-exposed to the heat, the circuit was still present. These studies showcase a very interesting
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area that should be explored in more depth and compared with current literature values for nongraphene loaded systems to see how exactly the graphene impacts the electrical structure of SiOC
ceramics. In addition, deeper studies into the development of the electrical conductivity in these
samples as a function of graphene loading and thermal treatment could be achieved by using
impedance measurements, which can highlight percolation limits and provide a better source of
electrical information for these bulk materials than did the 4-point probe method. This experiment
is currently in the works.

Figure 3.7 Electrical conductivity as measured via the ZEM-3 shown in Figure 3.3. The arrows show the direction
of temperature loading, where the top curve shows conductivity on heating and the bottom curve on cooling.
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Figure 3.8 Demonstration of the electrical performance of an SiOC ceramic loaded with graphene as discussed in
Ref.[80]. Copyright 2018 The American Ceramic Society.

3.3.4

Seebeck Coefficient

The Seebeck coefficient is a measurement of the thermopower of a material; or in other
words, the magnitude of the induced thermoelectric voltage when subjected to a thermal gradient.
In the current materials, the Seebeck coefficient was measured as a function of temperature, from
room temperature up to approximately 550°C and back down to room temperature. The
measurement set up is shown in Figure 3.3 and the samples used for the measurement are shown
in the inset of Figure 3.9. Estimations of the Seebeck coefficient for SiOC-7 with 19% porosity
show values on the order of 1 to 101 μV/K. Comparing this value to other materials is difficult in
that there is such a wide variety of Seebeck coefficients and change significantly within a material
based on processing, chemistry, and dopant concentration. However, to provide a basis of
knowledge as to where SiOC-7 lies within this spectrum silicon has a value of 440 μV/K,
germanium 300 μV/K, PbTe -180 μV/K, and PbBi4Te7 -53 μV/K, where the positive or negative
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value represents the type of semiconductor (i.e. p- or n-type).225 While these values can vary
significantly, it does show, that the SiOC-7 ceramics do produce a Seebeck coefficient within an
acceptable range. Varying the ZT value from 0.1 to 1 and utilizing the knowledge of the electrical
and thermal conductivities discussed in the previous sections, predictions on usable Seebeck
coefficients for the materials can take place and shed some light into how the material could be
refined in future iterations of the material’s design (Figure 3.9). Rearranging Equation 1.1 so that
Seebeck coefficient becomes the dependent variable, one received Equation 3.5, which was used
for the plotting in Figure 3.9.

Figure 3.9 Predictions in ZT and Seebeck coefficients for the SiOC-7 ceramics described in the present work. These
values are based off of the thermal conductivity values presented earlier in this Chapter. The blue curve (i.e.
resistance = 0.0275 ohm-m) was the measured resistance in this study. Other curves represent prediction scenarios.

121

𝑍𝑇∙𝜌∙𝜅

𝑆=√

( 3.5)

𝑇

Where ρ in this equation is the resistivity of the ceramic in Ω-m, κ is the overall thermal
conductivity in W/m·K, and T is in Kelvin. The blue line in Figure 3.9 represents the predictions
based on the current measured values of thermal and electrical resistivity of the SiOC-7 ceramics.
This data suggests that in order for SiOC-7 to have a measurable ZT value, excessively high values
of Seebeck coefficient, on the order of 103 μV/K, are needed. Thus, it is evident that further
improvements are needed to the material design in order to realize these materials as operable
thermoelectric materials. Calculations that maintained the current thermal conductivity value at
0.8 W/m·K, but varied the electrical resistivity of the ceramics, represent the other curves in this
figure. The numbers on top of each curve represent the value of electrical resistivity used for the
calculation of S via Equation 3.5. A reduction in resistivity by one order of magnitude is
represented by the orange line, which showcases a significant improvement in the performance of
the material and more reasonable values of Seebeck coefficient are obtained. A further decrease in
electrical resistivity by two to three orders of magnitudes showcases an even better system and
suggests a target electrical resistivity of these ceramic nanocomposite on the order of 10-4 Ω-m or
lower, assuming all other parameters remain constant.
3.4

Future Considerations and Conclusions

The data presented here on the thermoelectric properties of the SiOC-7 ceramic
nanocomposite show a first step towards developing these materials for thermoelectric applications
and highlights a few key areas of improvement. The work conducted during this dissertation is one
of the first of its kind and is very enlightening.63,64,158,226 In this section, the thermal conductivity,
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electrical conductivity, Hall properties, and Seebeck coefficients were measured and discussed in
terms of future improvements. The thermal conductivity of SiOC-7, containing the highest
concentration of graphene oxide with a 19 vol% porosity, showcased a room temperature thermal
conductivity of around 0.745 W/m·K that increased slightly to around 0.9 W/m·K when measured
at temperature of 450°C. The green body composite showcased a much lower thermal conductivity
of 0.15 W/m·K at room temperature. While only porous ceramic composites were created for the
studies presented in this dissertation, predictions into the thermal conductivity behavior of fully
dense ceramic nanocomposites was conducted using a basic form of the Rule of Mixtures. From
these calculations, it is thought that the maximum thermal conductivity of the ceramic
nanocomposite containing 1.4-1.9 wt% of EFGO would achieve a room temperature thermal
conductivity of 0.914 W/m·K. If it followed the sample conductivity-temperature profile as the
other materials studied in this work, it is likely that at 450°C, the thermal conductivity would
increase to a little over 1 W/m·K. If this behavior can be achieved, this still represents a decent
system for thermoelectric applications. Electrical conductivity of the pyrolyzed systems when
measured at room temperature were around 1 S/cm (ρ = 0.01 Ω-m) through the length of the
specimen. However, when the sheet resistance across the plane of the ceramic was measured, a
much lower value of conductivity was achieved. This was on the order of 10-2 to 10-1 S/cm (ρ =
0.1 to 1 Ω-m). Additionally, when this sheet resistance was calculated during measurement of the
Seebeck coefficient, insight into the retention of the electrical conductivity in the ceramics upon
cyclic thermal loading could be observed. In one cycle where the temperature was ramped from
room temperature to 550°C, the electrical conductivity values upon cooling were nearly identical
to those upon heating, with a minimal variation of 0.02 S/cm. This was proved visually by creating
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an electrical circuit with the ceramic and a small LED lightbulb, where the lightbulb continued to
be powered when exposed to a flame torch repeatedly. However, while showcasing a generally
decent electrical conductivity, the measurements of the Hall carrier properties and the Seebeck
coefficients highlighted the need for further improvement in the electronic structure of these SiOCgraphene ceramic nanocomposites. Hall measurements revealed a p-type semiconductor, although
modifications in the material design are necessary to ensure a strong p-type character. In addition,
the carrier densities of these materials are on the lower end (ca. 1018 cm-3) and should ideally be
increased to approximately 1019 to 1021 cm-3 in order to increase the electrical conductivity but not
have too much of a negative impact on the Seebeck coefficient. Something like this might be
achieved by varying the polymer chemistry to include more native carbon within the ceramic
matrix versus just external loading. While Seebeck coefficients were successfully collected,
current ZT of the materials with the aforementioned properties is quite low (i.e. < 0.1). In order to
achieve thermoelectric status (ZT>0.5) and have a practical Seebeck coefficient, the electrical
resistivity of these materials must be decreased by at least 2 orders of magnitude.
There are many possibilities that could drastically improve upon these initial material
properties. Thermal conductivity could be further tailored by somehow introducing more phonon
scattering sites into the composite nanostructure that covers a wider range of phonon frequencies.
This might be achievable by either adding additional dopants to the ceramic matrix, in possibly a
similar approach that has been taken to refine skutterudite technologies or could be added to the
graphene filler by modification to the basal plane of the graphene oxide sheets. With the knowledge
that typically boron or phosphorous create p-type semiconductors with silicon, a worthwhile first
step in this direction would be to explore using the SiBOC system as the ceramic matrix in this
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system.26,32,64,227–231 In either case, this doping of either the ceramic matrix or the graphene filler
could simultaneously significantly impact the electronic structure of the materials as well.
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4. THE INFLUENCE OF GRAPHITIC NETWORKS ON THE
MECHANICAL PERFORMANCE OF SIOC CERAMICS
*Adapted from: Barrios, E.; Zhai, L. A Review of the Evolution of the Nanostructure of SiCN
and SiOC Polymer Derived Ceramics and the Impact on Mechanical Properties. Mol. Syst. Des.
Eng., 2020, Accepted Manuscript.25
4.1

Introduction

Lightweight, porous ceramic foams are of technological interest in many applications.
Their low density, high chemical and thermal stability, low thermal conductivity, and high specific
surface area, among many other intriguing properties, make them ideal in engineering applications
such as biomedical scaffolding, separation membranes, electrochemical devices, and refractory
materials

232–236

. The properties of such ceramic foams can be fine-tuned by controlling the

morphology of the pores. The percent porosity, pore size and shape, cell orientation and
distribution, strut wall thickness, number of struts, and presence of strut defects all control how a
ceramic foam will respond in any application 233,237–239. Luckily, these properties can be fine-tuned
through ceramic material selection and processing conditions.
Understanding the mechanical response of a material system is key for integrating it into
any usable application. From a macroscopic point of view, understanding this response is as simple
as performing standard mechanical testing procedures, such as compressive strength, viscosity, or
bending strength. However, an intuitive understanding of the material’s mechanical responses can
be presented when linked to the nano- or microstructural development of the system. This chapter
aims to investigate the mechanical properties of the porous ceramic nanocomposites discussed
throughout this dissertation, shedding light into the impact that the presence of graphene sheets
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have on the SiOC mechanical performance. A short literature review is provided, highlighting the
current status of knowledge surrounding the mechanical performance of SiOC ceramics. Then, the
porous SiOC and graphene loaded SiOC composites were tested under compression with varying
loading profiles. The results of this mechanical testing are presented in the form of fractographic
analysis and Weibull distribution plots.
4.1.1

The Influence of SiOC Nanostructure on Observed Mechanical Performance

The introduction of carbidic carbon (i.e. the Si-C bond) into the ceramic matrix has been
shown to have a significant impact on the mechanical performance of SiOC ceramics. Many
studies have been conducted to correlate the nanostructure of SiOC and the presence of this
carbidic carbon with the mechanical behavior of these systems. These studies have investigated
dense, monolithic SiOC samples.94,107,131,133,135,153,240–244 One study incorporated SiO2
nanoparticles (10 nm) into a ceramic precursor composed of tetraethoxysilane (TEOS) and
methyltetraethoxysilane (MTEOS) in order to produce dense, crack-free SiOC sheets of 40 – 1000
μm.241 The inclusion of these SiO2 nanoparticles (0.1 – 0.35 mol/mol alkoxide) aided in the release
of gases during the pyrolyzation process and promoted the formation of dense, crack-free ceramics.
However, the inclusion of these nanoparticles did not appear to affect the homogeneity of the
ceramic nanostructure when compared to pure TEOS/MTEOS ceramic examined via HRTEM.
The HRTEM data also indicated that the ceramics containing these SiO2 nanoparticles remained
amorphous up to 1200°C, at which point crystallites of β-SiC and lamellar graphite began to form.
These domains further coarsened up to temperatures of 1650°C. At 1450°C, it was found that βSiC nanodomains were on the order of 5-10 nm while the graphite lamellas were on the order of
20 x10 nm. Three-point bending was used to measure the flexural strength of these ceramics while
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impulse echo time of flight was used to determine the corresponding elastic modulus. The MOR
was determined to be between 200 - 300 MPa, regardless of the concentration of SiO2 nanoparticles
that were introduced into the preceramic polymer prior to pyrolyzation. While the amount of SiO2
nanoparticles also did not appear to affect the elastic modulus, it was discovered that E had a
stronger correlation with the pyrolysis temperature. E is known to have a strong dependence on
the bonding network of any particular material under investigation. Due to the fact that the
nanostructure, and thus bonding environment, of SiOC PDCs change when pyrolysis temperature
is increased, the elastic response is drastically influenced by the pyrolysis or annealing that are
imparted on any SiOC. In this particular system, the maximum value of E achieved was 120 GPa
and was observed at 1200°C. As the temperature was increased further, E began to decrease most
likely due to phase separation and carbothermal reduction. In another work, a closer investigation
into the influence of carbon on the creep viscosity of the SiOC ceramics was achieved. 242 In this
work, up to 14 at% of carbon was introduced into the system as carbidic carbon (i.e. C free kept to
a minimum) and the creep behavior of the system was measured via a 3-point bend relaxation
experiment under 100 MPa of pressure. The carbon content of the final ceramic was controlled by
varying the ratios of two polymeric precursors, methyldiethoxysilane (DH) and triethoxysilane
(TH). Below 1150°C, the viscosity of the ceramics was found to be up to two orders of magnitude
higher than that of vitreous silica. Beyond 1150°C, crystallization began and drastically impacted
the viscosity of the system. β-SiC (2-3 nm), ribbon-like carbon (4 nm), and some β-SiO2
nanodomains are detected at approximately 1150°C. Above this transition temperature, the overall
creep rate decreased, and a creep hardening affect was observed. The increased viscosity of the
SiOC system with respect to vitreous silica can be attributed to the introduction of the Si-C bonds,
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where the crystallization of β-SiC further increases the bond density of the system leading to this
observed creep hardening behavior. This same system was analyzed to study the effects of Cfree,
carbidic carbon, and excess silicon on the flexural strength, elastic modulus, and Vickers hardness
(Hv).133 The ratio of DH to TH was varied to have a value of 1, 2, and 9, respectively, while the
pyrolysis temperature was varied from 600 to 1500°C. For the sample with minimal free carbon
(i.e. DHTH=2) pyrolyzed at 1000°C, the MOR was found to be 600 ± 90 MPa. An increase in
temperature caused a decrease in this value that was likely due to surface defects that formed due
to carbothermal reduction at these higher temperatures. However, the elastic modulus continued
to increase with temperature due to the higher bond density from the carbidic carbon and the more
efficient atomic packing that occurred due to the development of crystalline SiC. The trends are
demonstrated in Figure 4.1.
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Figure 4.1 Modulus of rupture (i.e. flexural strength) and elastic modulus of TH DH based SiOC ceramics as a
function of pyrolysis temperature. Reprinted with permission from Ref. [132]. Copyright Elsevier 2002.

In recent years, nanoindentation has been employed to further probe the mechanical
responses of these systems.94,107,243,244 While each of these studies investigated a different ceramic
precursor, each demonstrated that carbon in the form of carbidic carbon led to an increase in E and
H. When a polymethylsilsesquioxane was pyrolyzed at 1100°C (formula SiO1.6 C0.8), E was found
to be 101 GPa while Hv was found to be 6.4 GPa.243 Another study varied the amount of carbidic
carbon from x = 0 to 0.375 (SiOxC2(1-x)) in a DHTH precursor system and the effects on MOR, E,
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and Hv were investigated at temperatures of 1200°C.244 All properties increased when more carbon
was bound to the oxycarbide phase, while no strong correlation was found when considering the
nanoscaled free carbon phase. While the MOR was found to observe a slight decrease when
pyrolysis was completed at 1200°C versus 1000°C due to the onset of surface defect formation, E
and Hv was found to remain constant. The maximum values of MOR, E, and Hv occurred at x =
0.375 and were correlated to 550 MPa, 115 GPa, and 9 GPa, respectively. A study by this same
group later dove into how the amount of free carbon affected the mechanical strength of ceramics
derived from a mixture of poly(hydridomethylsiloxane) (PHMS), 1,3,5,7-tetravinyl - 1,3,5,7 tetramethylcyclotetrasiloxane (TVTMS), and divinylbenzene (DVB).107 Dense, crack-free
ceramics containing similar amounts of carbidic carbon were fabricated to contain between 18 and
60 vol% of free carbon in the final ceramic structure. Nanoindentation was performed at a force
of 40 mN, corresponding to a measurement depth of approximately 0.5μm in all samples. It was
found that the inclusion of high amounts of free carbon into the SiOC structure contradicts the
mechanical reinforcement that can be achieved when the carbon atoms are covalently bound to the
oxycarbide structure (i.e. carbidic carbon). At 18 vol% free carbon, a Young’s modulus and
hardness similar to the values reported above were achieved (107.9 ± 4.4 GPa and 11.0 ± 0.8 GPa,
respectively). However, inclusion of about 55 vol% of free carbon resulted in a lowering of E to
76.9 ± 4.7 GPa and H to 7.5 ± 0.8 GPa, respectively. The lowering of E and H supports the
observations that a high free carbon containing SiOC ceramic is less brittle and fabrication of
dense, crack-free samples is possible. This is likely due to the introduction of additional sites for
sliding during plastic deformation and an alleviation of the build-up of stresses during pyrolysis
and thermal annealing.240 This behavior was analyzed further, delineating whether the act of phase
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separation or the phase compositions had a larger effect on the mechanical properties of the SiOC
ceramics.78,153,240 When the samples were annealed up to 1300°C, the presence of nanosized β-SiC
and free carbon governed the observed mechanical properties. This behavior showed that as the
samples were annealed at higher temperatures, the elastic modulus increased only slightly with
temperature while the viscosity remained nearly the same. Due to the fact that annealing at higher
temperatures led to more ordered β-SiC and free carbon, this type of correlation to the mechanical
performance suggests a higher dependency on the actual presence of these two phases as opposed
to their exact physical properties (Figure 4.2). Additionally, at the temperatures studied, the SiO2
phases present did not appear to have any significant structural changes and the influence of this
phase was assumed to be the same in all samples studied. In regard to the hardness of the ceramics,
the volume percentage of the β-SiC phase had the strongest impact. As mentioned previously,
when the Si-C bond increases, the bond density and subsequent hardness of a ceramic increase
when all other phases are held constant (i.e. negating the softening of the ceramic due to the
inclusion of high concentrations of free carbon).
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(c)
Figure 4.2 Graphs (a) and (b) showcase the room temperature Young’s modulus as a function of volume
percentages of sp2 free carbon and β-SiC, respectively. Some literature values are added (black symbols) by the
original authors. Graph (c) showcases the temperature dependency of the three ceramic compositions that were
pyrolyzed at 1600°C and 50 MPa in argon. Reprinted with permission from Ref. [244]. Copyright 2019 The
European Ceramic Society.
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The phase separation and composition of these ceramics was also investigated for its effects
on the high temperature creep behaviour.78,245 Compressive forces were introduced to ceramics
containing varying concentrations of carbon and exposed to temperatures from 1100 to 1300°C.
When a sample with no segregated free carbon was exposed to compressive stresses of 50-100
MPa, the stress exponent was determined to be 1.7 suggesting that Newtonian flow was not the
only contributor to the creep behaviour.78 When creep induced crystallization was excluded from
analysis, it is suggested that both particle hardening and the presence of interfaces in the ceramics
(i.e. between SiO2 and Si-C) control the creep behavior. This would lead to the lower creep rates
and similar activation energies experienced in SiOC when compared to vitreous silica. When the
volume fraction of carbon was increased up to 14%, the contributions of each phase in the ceramic
could be delineated.245 The presence of the SiO2 phase contributed significantly to the viscous flow
of the ceramic. The introduction of β-SiC, however, contradicted this behavior by increasing the
bond density and viscosity of the ceramic as previously mentioned. Yet, the presence of free carbon
in these systems appeared to have a significant influence on the creep behavior of the ceramic,
especially when the ceramics were phase separated. When a ceramic phase separated at higher
temperatures, it was found that the glass transition temperature decreased and a corresponding
increase in the activation energy of creep occurred. The inclusion of even a small amount of free
carbon (ca. 5 vol%) mitigated these changes and led to the formation of a high-temperature, phaseseparated ceramic with a high glass transition temperature and low activation energy for creep.
One of the novelties of the PDC approach to creating ceramics is the ability to easily form
complex ceramic shapes for highly technical applications. As such, there has been a large amount
of research into the mechanical properties of complex shaped SiOC ceramics such as fibers, thin
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films, spheres, and foams.232,246–252 While other solid forms of the SiOC ceramic system, such as
spheres and thin films, generally appear to follow the same nanostructural-mechanical trends
reported elsewhere in this section, the formation of SiOC fibers lent itself well to investigating the
tensile properties of this ceramic system.232,249–252 The tensile strength of SiOC fibers with varying
amounts of free carbon was measured at a rate of 0.1 g/s.246 When the amount of free carbon was
reduced, the tensile strength was found to increase with a maximum value found to be between 11.2 GPa at a diameter of 15 μm. The tensile strength of the fibers when exposed to high
temperatures (ca. 1300°C) was able to be maintained in the absence of free carbon, whereas the
presence of free carbon contributed to a decline in the tensile strength at these temperatures.
Cellulose acetate was used in another study as a forming aid for the SiOC fibers, producing SiOC
fibers with excellent spinnability and mechanical properties.247 These ceramics, while containing
an appreciable amount of free carbon (ca. 33.2 vol%), showed a maximum tensile strength of 940
MPa when the fibers were pyrolyzed at 1000°C. An increase in processing temperatures to 1300°C
resulted in the onset of carbothermal reduction between these free carbon species and SiO2 phases.
Evidence of this reaction was found on the surfaces of the fibers where evidence of pitting was
found. This pitting resulted in a significant decrease in the tensile strength to approximately 184.6
MPa. The influence of the SiC phase on the tensile strength was investigated for fibers produced
at 1000°C.248 Much like how the increased bond density and atomic packing that occurred upon
an increase in the β-SiC concentration in bulk ceramics, the inclusion of 13.99 vol% β-SiC in the
SiOC fibers resulted in an improved tensile strength reaching a maximum value of 967 MPa. In
addition, these fibers were measured to have a Young’s modulus of 58 GPa.
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4.2

Experimental Details

Thirty-six (36) samples of both SiOC-0 and SiOC-7 were fabricated according to the
methods described in Section 2.2 and then machined to the dimensions of 2 mm x 2 mm x 4 mm
for all of the mechanical studies presented in this section. Machining was done in accordance with
ASTM C1161-18 Standard Test Method for Flexural Strength of Advanced Ceramics at Ambient
Temperatures. All studies were conducted on an MTS universal testing machine Criterion Model
43 (MTS Systems Corporation, Minnesota). Of these samples, 30 were tested under conditions to
explore the Weibull statistics of the compressive strength. To achieve this, all samples were preloaded at 25 N for 30 seconds prior to being compressed at a constant rate of 12 N/s (~ 3 MPa/s)
until fracture occurred. This loading was done in a load-controlled mode. The other 6 samples
were loaded with varying loading profiles to try to highlight any time dependent mechanical
properties that may govern the compressive strength of these samples. To achieve this, 2 samples
were loaded at each of the following loading profiles: all with a pre-loading force of 25 N for 30
seconds, profile (a) had a loading rate of 3 MPa/s in a load-controlled mode and 50 second dwell
at increments of 12.5 MPa until fracture occurred; (b) had a loading rate of 3 MPa/s in a loadcontrolled mode and 200 second dwell at increments of 12.5 MPa until fracture occurred; and
finally (c) had a loading rate of 3 MPa/s only in the regions were load was increased. A dwell time
of 300 seconds was introduced, again at 12.5 MPa increments. However, in this profile, once this
constant load was achieved, a displacement-control mode was activated for each 300 second dwell
time. The loading profiles of each of these 4 conditions are depicted in Figure 4.3.
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Figure 4.3 Compressive loading profiles (stress vs. time and strain vs. time used) to investigate the time-dependent
stress-strain behavior of graphene loaded SiOC ceramic composites. The strain values were taken from the
crosshead displacement.

4.2.1

The Weibull Analysis

A Weibull analysis describes the mechanical reliability of a material. By testing the failure
properties of a large set of samples, it is possible to determine the failure consistency of a particular
material type and fabrication method. It also allows for the determination of any load limitations
that a material can experience to perform in a highly reliable manner. This type of analysis is
critical in proving any new material for integration into usable applications.
As such, the utilization of the Weibull analysis in this dissertation was set up in order to
explore the reliability the porous ceramic nanocomposites described within this dissertation and to
elucidate the impact that graphene had on this behavior. While Weibull distributions of the
137

compressive strength of porous SiOC ceramics has been conducted, to the best of our knowledge,
this is the first detailed investigation concerning the impact of external fillers on such properties
of porous SiOC ceramics fabricated via the methods discussed within this dissertation.233
In the present study, a two parameter Weibull distribution was used and the rate of failure
(F) of a material was determined by using Equation 4.1 253. In this equation,  is the stress value
observed, 0 is the location parameter of the Weibull distribution (i.e. strength at 63.2% failure
probability), u is the minimum strength (often taken as a value of 0), and m is the Weibull
modulus.

𝐹 = 1 − 𝑒𝑥𝑝 {− (

𝜎−𝜎𝑢 𝑚
𝜎0

) }

( 4.1)

Experimental data can be fitted to a straight line according to Equation 4.2, which describes
the probability of success and C is a constant for the material being studied.

𝑙𝑛 (𝑙𝑛 (

1
1−𝐹

𝜎

)) = 𝑚 ∙ 𝑙𝑛 ( ) − 𝐶

( 4.2)

𝜎0

Equation 4.2 also enables the extraction of the Weibull modulus. The Weibull modulus is
an important parameter for determining the distribution of failure within a material set and
describes how reliably a material will fail under given testing conditions. For ceramics, values of
10 < m < 20 is typically achieved, where a higher value signifies more reliable, consistent failure
data.
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4.3

Results and Discussion

A summary of the mechanical properties of both SiOC-0 and SiOC-7 are presented in Table
4.1. The details of the results of these two ceramic foams will be discussed in parallel, beginning
with a discussion on the Weibull statistics and general fracture behavior when loaded at a constant
rate with no dwell time followed by a discussion of the time-dependent fracture properties of these
materials.

Table 4.1 Summary of the basic compressive properties of SiOC-0 and SiOC-7.

4.3.1

Compressive Fracture and Weibull Analysis

The mechanical strength of ceramics possessing a porous structure depends on a variety of
factors and an understanding the effects of each of these parameters can lead to the design of
ceramics applicable in specific applications. It is known that porous ceramics display a semi-brittle
failure mechanism, meaning that they are not purely brittle as they face local failure effects prior
to ultimate failure, but that they also do not observe any highly dissipative processes prior to failure
as do ductile materials.239 Instead, porous ceramic materials typically observe failure of the
weakest local defects initially, such as cracked or thin strut walls. The stress can then be
redistributed to the stronger strut walls, allowing these porous ceramics to likely withstand
exposure to more force than their fully dense counterparts. Additionally, in certain cases, any
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cracks that may have begun to develop during the initial stages of loading can be halted due to a
crack-tip blunting mechanism that is observed by the appearance of pores in certain materials. 239
Prior to any compressive studies, the machined surfaces of both ceramics were studied via
SEM (Figure 4.4). In the sample without graphene (i.e. SiOC-0, Figure 4.4a), it appears that while
the pores of the ceramic is evident, there is not microcracking as was observed when graphene was
added to the system (i.e. SiOC-7, Figure 4.4b). This observation is likely due to the higher thermal
mismatch between graphene and the SiOC/PVA materials when compared to the system with only
PVA and SiOC. Many reports suggest the negative value for the coefficient of thermal expansion
(CTE) of graphene materials, that varies to some degree with exact chemistry of the graphene and
the measurement temperature.254–256 At room temperature, this value is on the other of -8 x 10-6
/K. When a stoichiometric SiOC ceramic was measured at room temperature, the CTE was found
to be around 3.2 x 10-6 /K, which decreased to 1.8 x 10-6 /K when the ceramics were annealed at
high temperatures and phase separation was induced.153 These values were fairly consistent up to
about 15 vol% of free carbon in the ceramic structure. Finally, PVA is known to have CTEs on the
order of 7-10 x 10-5/°C. The very large thermal mismatch between EFGO and the other two
composite components likely causes a build-up of stress within the material upon cooling after
pyrolysis, leading to a release of energy through the formation of microcracks. Future studies on
the mechanical performance of such SiOC composite materials would benefit from a more intricate
study of such thermally induced structural defects by means such as acoustic emission.
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Figure 4.4 Machined surface of (a) SiOC-0 and (b) SiOC-7 prior to any compression. Microcracking in SiOC-7 is
indicated by the white arrows.

When loaded continously (i.e. dwell time = 0 in Figure 4.3), the room temeprature
compressive strength (c) was determined and is presented in Table 4.1. When a porous ceramic
was made via the replica templating process described in Chapter 2, an average c of 166 ± 54.2
MPa was measured. When graphene in the form of a pre-formed graphitic network was added to
the composite, it did not appear to have any statistically significant impact on the overall
compressive strength of the composite when loaded in this manner. However, when considering
that the ceramics loaded with graphene averaged a higher volume percent of pores (19.3 vs 14.4
vol% for SiOC-7 and SiOC-0, respectively), it is clear that there is some positive reinforcement of
graphene on the compressive strength of such composites. More detailed studies are needed to
clearly determine the extent of this improvement.
Due to the heterogeneity of the pores of the PVA template and as observed in the SEM
images of the ceramic composites presented in Chapter 2, the individual stress measured was
plotted as a function of sample porosity to illustrate any trends that might be apparent within this
sample set (Figure 4.5). When no graphene was present in the ceramic, there was a slight increase
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in the compressive strength when the porosity increased. The porosity of the 30 individual samples
measured of SiOC-7 ranged from approximately 5 to 32 % porosity. The addition of graphene to
the system led to a general independence of the measured compressive strength with respect to
variation in porosity. This might be due to the nature of fracture of these systems, as discussed in
Section 4.3.3 in this Chapter. Due to the fact that a zero dwell time led to SiOC-0 showing more
transgranular fracture while SiOC-7 appeared to fracture via an intergranular manner, the amount
of dense SiOC regions has a stronger impact when considering a crack progressing through this
region (transgranular) as opposed to moving quickly around the domain walls, pores, and defects
(intergranular).
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(a)

(b)

Figure 4.5 Porosity versus compressive stress with 0 seconds of dwell time for (a) SiOC-0 and (b) SiOC-7. SiOC-0
shows a very slight trend with porosity.

An analysis of the Weibull statistics reveals with a little more clarity the impact that this
graphene system had on the compressive properties of such porous SiOC ceramic composites
(Figure 4.6). As described in Section 4.2.1, o represents the strength when failure occurs at a
63.2% probability. Between the two samples studied in the present work, the use of the graphene
network increases the strength at which failure has a 63.2% probability of occurring from by
approximately 10 MPa. Without graphene, SiOC-0 shows o to be around 165 MPa while the
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introduction of the percolated graphene network in SiOC-7 increases this value to approximately
173 MPa, even in the midst of a higher porosity. It also significant to note that upon the inclusion
of this graphitic network improves the Weibull modulus, indicating a more reliable and consistent
method of failure. Without graphene, m = 3.57. After inclusion of the graphitic network, m
increases to 7.54. This value is also approaching the typical range of Weibull moduli that
characterize ceramic materials as a whole.

m = 3.57
σ0 = 165.65 MPa

Strength [ln(σ0)]

Strength [ln(σ0)]

Figure 4.6 Weibull plots of (a) SiOC-0 and (b) SiOC-7.

4.3.2

Time Dependent Compressive Properties of SiOC-0 and SiOC-7

The impact that dwell time had on the compressive properties of the ceramics is detailed
in Table 4.1, where the measured values of compressive fracture strength are provided. In this
study, only two samples were measured at each dwell time and led to the inability to determine the
statistical significance of this data at this point. Future studies intend to include a full Weibull
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analysis of these different loading regimes to compliment the studies presented above in Section
4.3.1.
Approximate stress-strain curves are presented in Figure 4.7 where only approximate strain
values are able to be presented due to the limitations of the current measurement systems. These
strain values were determined via the crosshead location of the Criterion universal analysis
instrument. Nonetheless, these approximate graphs are able to illustrate in more detail how each
of these ceramics failed. The first thing to notice in the plots in Figure 4.7 is the introduction of
discontinuities in the stress-strain curves upon introduction of dwell time. These discontinuities
are often described as “pop-in” events and likely correspond to local areas of brittle fracture, likely
the pore walls. While these “pop-in” events didn’t lead to ultimate failure right away, they did
typically decrease the overall compressive strength of these composites. For both SiOC-0 and
SiOC-7, these values decrease to around 120 MPa when the longest dwell time was introduced.
However, from these introductory studies on the time-dependent compressive studies, there
appears to be some inconsistency in the trajectory of this compressive strength decrease. When
graphene is not included in the ceramics (i.e. SiOC-0), the overall compressive strength trend is
interrupted by an interesting large increase in compressive strength to 172 MPa under 200 seconds
of dwell time conditions. For the SiOC-7 sample, this unusual increase in strength occurs much
earlier, when only 50 seconds of dwell time was introduced. For SiOC-7, it is likely that this value
is within the range of statistical deviation from the 0 second dwell time sample and that the
introduction of the 50 second does not have a significant influence on the overall compressive
strength of the ceramic. While the 172 MPa measurement of SiOC-0 under the 200 second loading
regime is well within the acceptable statistical deviation from the 0 second compressive strength
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measurement, it is much harder to understand why this higher value would be observed with a
longer dwell time where the onset of local failure is likely more applicable.

(a)

(b)

Figure 4.7 Preliminary stress-strain plots comparing the impact of dwell time on compressive strength. The curves
for 0 seconds of dwell time is just one curve of the 30 samples tested but represent the same general behavior of all
30 samples, with different fracture strengths.

While this data truly needs the support of a strong statistical analysis and an extension of
this study to include more precise measurements of the strain of these samples while under
compression, it is suggested that the following behaviors are occurring and result in the data
presented above: (a) at 0 seconds of dwell time, the cracks grow quickly and consistently, deviating
through the pores and defects present within the materials; and (b) the introduction of large dwell
times to the loading profiles, the crack propagation moves slower and enables the introduction of
crack growth through the dense regions of ceramic. This could possibly be one cause for the
introduction of the pop-in events observed in Figure 4.7.
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Some improvements to the above data might be accomplished by either utilizing larger
samples, obtaining higher quality images and utilizing digital image correlation, or by using an
alternative method altogether, such as nanoindentation or flexural strength.
4.3.3

Mode of Failure

The two points discussed at the end of Section 4.3.2 can be further examined by
investigating the fracture surfaces of these materials via SEM imaging. Figures 4.8 and 7.9 depict
the fracture surfaces of SiOC-0 and SiOC-7, respectively. Each sample was examined under all
loading conditions and the transgranular or intergranular fracture properties was determined. To
do this, the amount of each type of fracture surface was analyzed using ImageJ, according to the
following descriptions of the two types of failure: (a) when transgranular fracture occurs, fracture
is not dictated by the grains or pores, but that fracture can occur through the grain itself. This
results in a smoother appearance overall of the fracture surface, but clear indication of the different
grains; and (b) when intergranular fracture occurs, the propagating crack follows the curvature of
the grains or pores, resulting in the appearance of a fracture surface with more texture as a result
of cracking along the boundaries of the domains.
For SiOC-0 (Figure 4.8) it should be noted that only a minimal amount of material was
able to be recovered from the compression testing of the samples tested under a 50 second dwell
time. Therefore, from this study, a reliable transgranular versus intergranular comparison could
not be drawn and the following discussions will only relate to the data from 0, 200, and 300 seconds
of dwell time. Although very slight, there is a decrease in the amount of transgranular fracture as
the dwell time is increase in this sample. However, all values are between 30-40 % of transgranular
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fracture and thus likely did not have a significant impact on the behaviors discussed in Section
4.3.2. However, when graphene has been added to the ceramic in SiOC-7 (Figure 4.9), there is a
very distinct change in the fracture behavior. With 0 seconds of dwell time, failure occurs
predominantly by intergranular fracture (i.e. 18.5% transgranular vs. 62.2% intergranular), where
the propagating crack can quickly transverse through the ceramic and follows the curves of the
grain boundaries, pores, and defects, as hypothesized above. As the dwell time is increase, the
propagating crack has more time to move through the dense regions of ceramic and leads to a
significant increase in transgranular fracture to approximately 64.4% at 300 seconds of dwell time.
This drastic change in behavior between SiOC-0 and SiOC-7 suggests that while the overall
compressive strength values do not appear to be significantly impacted either positively or
negatively by the inclusion of the EFGO sheets, it does indeed impact how the materials fail, which
will be instrumental in further exploring how to integrate such a material into any application.
Although the graphene appears to negatively impact that transgranular fracture behavior of the
ceramics, and appears as though it might possible reduce the fracture toughness of the material if
studied under the conditions of no dwell time, it appears to positively reinforce the ceramics when
under load for longer periods of time.257–259
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Figure 4.8 Fracture surfaces of SiOC-0 samples loaded with the different profiles shown in Figure 4.3. The
associated dwell times are (a) 0 seconds, (b) 50 seconds, (c) 200 seconds, and (d) 300 seconds.
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Figure 4.9 Fracture surface of SiOC-7 samples loaded with the different profiles shown in Figure 4.3. The
associated dwell times are (a) 0 seconds, (b) 50 seconds, (c) 200 seconds, and (d) 300 seconds.

4.4 Future Considerations and Conclusions
As one of the first studies of its kind, exploring the impact that a graphene network has on
the mechanical properties of SiOC ceramics, the studies presented here showcase many intriguing
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properties of these materials while simultaneously highlighting many future studies that could be
conducted to further understand and develop this material.
Upon fabrication and machining of samples for the testing described in this chapter, the
SiOC-7 samples appeared to show evidence of microcracking while SiOC-0 did not. This is likely
due to the vastly different CTE value for the EFGO sheets used to create SiOC-7, leading to a
buildup and subsequent release of stress upon cooling from pyrolysis at 1000°C. When the
compressive stress of the ceramics was measured without any dwell time, both materials
experienced very similar compressive strengths which were around 160-165 MPa on average.
However, investigating the fracture surfaces of these materials reveals that slightly different
fracture mechanisms occur in these materials to yield such results. Under this loading condition,
SiOC-0 presents itself as failing by approximately 42% via a transgranular mechanism while
SiOC-7 fails predominantly by an intergranular mechanism (~62% intergranular). Further, when
investigated by means of a Weibull analysis, it appears that the graphene filler acts to increase not
only the stress at 63.2 % failure, but also increased the Weibull modulus. When graphene is
composited with the porous SiOC framework, o is 173 MPa and the modulus is 7.54. This higher
value of the Weibull modulus suggested that graphene improves the predictability of the failure in
these composites and that they can withstand a more reliable compressive load than the ceramics
without the graphene filler.
When the time-dependent fracture properties was investigated of each of these ceramics, it
was discovered that “pop-in” events are introduced to the ceramic with long-dwell times. This type
of behavior suggests that when the samples sit at a respective load for a decent amount of time,
local failure or an alternate cracking behavior begins that weakens the ceramic but does not lead
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to its ultimate failure immediately. However, with exposure to long-enough times, there is an
overall decrease in the compressive strength of the ceramics as a result of such events. However,
similar to when the ceramics were loaded with zero dwell times, there was not a very large
difference between SiOC-0 and SiOC-7. The true difference in the fracture behaviors of these two
ceramics came down to examining the fracture surfaces. While the fracture surfaces of SiOC-0
appeared to be largely unaffected by the introduction of such dwell time in the loading profiles,
the graphene loaded ceramics (i.e. SiOC-7) experienced a major impact from such dwell time.
Upon an increase in the dwell time to the loading profile of the ceramics to 300 seconds, a
significant increase in the transgranular fracture occurred, from the original 18.5% to 64.4%.
The development of these materials would benefit tremendously from the following
extended studies: (a) a deep study into the structural development of the SiOC ceramics upon
pyrolysis, identifying the source of the formation of defects such as the microcracks found in the
SiOC-7 samples. Two such techniques would be that of acoustic emission, where structural
changes are monitored by the elastic wave emitted by these changes, and Raman spectroscopy to
probe the carbon structure specifically; (b) a full Weibull analysis of the samples loaded with
varying time profiles in order to elucidate statistical significance of this data and to determine the
reliability of this fracture data; (c) improved techniques to measure the material displacement in
order to accurately determine strain and Young’s modulus of these samples; (d) drawing
relationships between the pore sizes and distribution present, the number of struts and appearance
of these struts, and pore orientation; and (e) the measurement of larger samples to mitigate any
influence that the heterogeneous nature of the pores of the ceramic due to the PVA template used
in these studies.
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5. CONCLUSIONS AND FUTURE OUTLOOK
Thermoelectric technologies are one of the most fascinating energy conversion techniques
to date – the ability to convert waste heat into usable electricity could not only continue to advance
the depth at which we can explore space, but it could also make a significant impact on the energy
crisis here on Earth. The development of polymer derived ceramics for such applications could
make this technology feasible for such Earth-based environments
The research presented within this dissertation showcases the initial studies related towards
the development of such polymer derived ceramics for thermoelectric energy conversion. At the
start of the project, many alumni of any heavy thermoelectric research once said it would never be
possible to even remotely prove a polymer-based system for future use in thermoelectrics. This
dissertation proves this statement wrong, and while many more years and larger teams of
researchers is needed to fully develop such a system for use in practical applications, this work
highlights the potential of this system and showcases a few next steps that could be taken.
In this work, pre-formed graphene networks were used as a filler to silicon oxycarbide
ceramic nanocomposites. The method of fabrication led to the production of ceramics with
significant porosity, ranging from 14-19 vol%. The use of a pre-formed graphene network was
selected for a number of reasons: (1) the percolation of the graphitic domains within the SiOC
matrix even at low pyrolysis temperatures, supporting electrical conduction via the electron
percolation model; (2) the homogeneous distribution of this external graphene nanofiller; (3) the
formation of graphene within the ceramic that is independent of the exact chemistry of the ceramic
precursor and that should not contribute towards a degradation in the material stability at very high
temperatures like the in-situ formed graphitic-like carbon domains; and (4) the introduction of
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many interfaces with different physical qualities that can scatter a range of phonons and reduce the
lattice contribution to the overall thermal conductivity of the ceramic. Utilizing such techniques
enables the design of a material from the bottom up, creating a “perfect” material with the desired
PGEC behavior mentioned previously.
Chapter 2 showcased the structural impact that this network had on the SiOC ceramic.
Imaging of the ceramic composites confirmed the incorporation of graphene sheets to the ceramics.
At the maximum loading of graphene studied, it appeared that 1.4-1.9 wt% of graphene was added
to the system and likely formed an electrically percolated network. This system served as the basis
for the studies throughout Chapters 3 and 4. Evaluation of the free carbon domains present within
the ceramic composites was analyzed via Raman spectroscopy. Graphene indicated that free
carbon can be detected at much earlier temperatures than pure SiOC. When graphene concentration
and processing temperature was varied, it was discovered that there was some complex impact that
graphene has on the structural development of SiOC, indicating that there is an optimal amount of
graphene that can be added to the system that maintains an amorphous ceramic matrix.
Chapter 3 dove into the thermal and electrical properties of this graphene loaded ceramic
system while introducing for the first time, the thermoelectric measurements of such ceramics. At
a loading of 1.4-1.9 wt% of graphene, the porous ceramic composite demonstrated a room
temperature thermal conductivity of around 0.745 W/m·K that increased only slightly to around
0.9 W/m·K when measured at temperature of 450°C. To accompany the measurements of these
porous ceramics, predictions were made of a fully dense ceramic containing graphene. The Rule
of Mixtures was employed in a simplistic form, leading to the estimation of a room temperature
thermal conductivity of approximately 0.914 W/m·K, indicating the ability to suppress the thermal
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conductivity even when loaded with thermally conductive graphene. The room temperature
electrical conductivity of these samples was measured to be around 1 S/cm (ρ = 0.01 Ω-m) through
the length of the specimen. However, when the sheet resistance across the plane of the ceramic
was measured, a much lower value of conductivity was achieved (ρ = 0.1 to 1 Ω-m). The Hall
measurements and Seebeck coefficients highlighted the need for an improvement in the overall
electronic structure of these materials, amidst a decent electrical conductivity. While the Hall
measurements indicated an overall p-type behavior of these ceramics, there is a need to increase
the carrier densities by one to two orders of magnitude in order to create a competitive
semiconductive material for use in thermoelectric devices. This was also made apparent in the
determination of the ZT value. While Seebeck coefficients were successfully collected and enabled
the calculation of the ZT value, the current ZT of the materials with the aforementioned properties
is quite low (i.e. < 0.1). In order to achieve thermoelectric status (ZT>0.5) and have a practical
Seebeck coefficient, the electrical resistivity of these materials must be decreased by at least 2
orders of magnitude.
Finally, in Chapter 4, the mechanical performance of these composites was explored by
examining the compressive strength of porous SiOC containing graphene and pure porous SiOC.
The time-dependent compressive strength of these composites was examined via a Weibull
analysis and fractography. Although the introduction of graphene to the ceramic appeared to also
introduce microcracking to the unloaded specimen, these two porous ceramic composites
experienced very similar compressive strengths around 160-165 MPa. However, graphene
appeared to have altered the mechanism of fracture where graphene promoted intergranular
fracture. Additionally, the addition of this graphene appeared to increase the failure stress
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according to Weibull statistics and supported a more predictive failure. When dwell times were
introduced into the force-loading profile, pop-in events were distinguishable in the stress-strain
curves and the fracture surface images. While the ceramics that did not contain any graphene filler
appeared to not be strongly affected by the loading profile in regard to the method of fracture, the
graphene loaded samples were significantly impacted. When exposed to a long dwell time, a
significant increase in the transgranular fracture to 64.4% occurred.
The above results demonstrate a notable advancement in this area of research. The unique
versatility in material design means this system has the full ability to be refined for use in
thermoelectric applications. However, this high degree of versatility also stunts the growth of this
material for this specific application due to the high number of possibilities for fine-tuning this
structure. While there are a few detailed suggestions provided at the end of each chapter of this
dissertation, the following two suggestions are overall suggested approaches for refining this
system and taking the next step forward in its development for thermoelectric applications.
5.1

The Need for a Dense Ceramic Composite

One of the major next steps needed for the development of these materials is the production
of dense ceramic bodies. In Chapter 2, the use of aerogels for creating the pre-formed graphitic
network was introduced and preliminary results suggest the formation of a nearly fully dense
system. While there are other methods studied throughout literature for creating more dense SiOC
ceramic bodies, the use and further development of this aerogel-based ceramic would lend itself
towards the creation of an anisotropic thermoelectric material. The studies provided in Chapter 2
and referenced throughout that chapter could be used as a starting point for future studies.
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5.2

The Need for Better Electrical Conductivities

The determination of the Seebeck coefficient, Hall carrier density, and ZT values suggest
the need to continue to work on and alter the electronic structure of these materials. Specifically,
the introduction of more charge carriers and a subsequent increase in the electrical conductivity.
One possible way of achieving this is through first modifying the graphene sheets prior to
incorporation into the ceramic matrix, regardless of what method of compositing is chosen. One
such method might be through the chemical modification of the basal plane of graphene with metal
oxide nanoparticles, which are known to demonstrate thermoelectric behavior.260,261 This chemical
modification is able to provide more charge carriers to the graphene material, thereby introducing
more carriers to the overall ceramic for participation in the thermoelectric effect. This method was
explored lightly in the earlier stages of this research by using atomic layer deposition to coat the
graphene oxide sheets with TiO2. In this particular system a p-n junction was formed, indicating a
suppression of the Hall measurements of this system. While this method was not pursued in this
dissertation, this work showed that this method of medication of the graphene sheets was a highly
viable next step should the proper dopant materials be selected. In another approach, the ceramic
matrix itself could be altered in a similar approach that has been taken to refine skutterudite
technologies. In this SiOC system, a stronger p-type behavior might be achievable by exploring
the SiBOC system as the ceramic matrix, as it is well known that boron or phosphorus dopants are
useful in creating p-type semiconducting behavior.
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APPENDIX A: THERMOELECTRIC THEORY
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This appendix is provided in order to provide a consolidated source of some key
considerations related to thermoelectric material development and some key properties associated
with a good thermoelectric material. This appendix, however, is not an exhaustive source of all
considerations that go into thermoelectric materials.
A.1

Origin of the Thermoelectric Effect

Thermoelectric energy generation is based on the Seebeck effect, which states that a device
is capable of converting a thermal gradient, applied across the junction of two dissimilar materials,
into a usable electrical current to power an external load.21,262 While research into thermoelectric
materials has been a significant topic of interest in the research community during the last two
decades, the concept is far from being newly proposed. Thermoelectricity was first discovered in
the early 1820’s by Thomas Johann Seebeck. Here he observed that a compass was deflected when
two dissimilar metals were put into electrical contact with each other and subsequently exposed to
a thermal gradient at one of their junctions.21,263–265 A schematic depiction of T.J. Seebeck’s
instrument is shown in Figure A.1. At the time, Seebeck hypothesized that this behavior was due
some magnetic effect present in this setup and was in relation to Earth’s natural magnetic field. 21
However, it was quickly realized that the compass deflection was indeed a result of a thermally
induced electrical current, and not a response to a magnetic field. While at the time Seebeck did
not correctly explain the underlying phenomena causing such behavior, he did discover that there
is a direct relation between the temperature gradient imparted on the circuit and the electromotive
force produced within the circuit. He proposed a proportionality constant, called the Seebeck
coefficient, which was inherent to the material, its microscopic structure, and its electronic
structure. This Seebeck coefficient is given by Equation A.1.
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Figure Error! No text of specified style in document..1 (a) Schematic of experimental setup for discovery of the
Seebeck effect in 1823; (b) Portrait of the late T.J. Seebeck. Images: CalTech.

𝑆 = 𝑉⁄∆𝑇

(Error! No text of specified style in document..1)

Where S is the Seebeck coefficient (μV/K), V is the electromotive force produced (μV),
and ΔT is the applied temperature gradient (K).265 With this discovery, Seebeck went on to
characterize many different materials for their Seebeck coefficient and electrical conductivity (i.e.
α∙σ) and this work served as the foundation towards the thermoelectric material development that
is observed today.263
In the years following this initial discovery by Seebeck, Jean Charles Athanase Peltier and
Sir William Thomson (aka Lord Kelvin) individually proposed concepts that rounded out the
development of the fundamental theory of thermoelectricity. In 1834 Peltier proved the exact
opposite of what Seebeck did – he showed that for a similarly constructed circuit of two dissimilar
metals, when exposed to an electrical current, could transfer heat through the circuit, either through
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the generation or removal of heat. In contrast to the Seebeck effect, a device operating based on
the Peltier effect is capable of providing solid-state cooling. The Peltier coefficient is given by
Equation A.2.265

𝛱 = 𝐼/𝑞

(Error! No text of specified style in document..2)

Where Π is the Peltier coefficient (V), I is the current (A), and q is the heat flow (W) and
the current direction is dictated by the direction of heat flow.
In 1851 Thomson, upon the advent of thermodynamics, was able to relate the rate of
reversible heat generation to the amount of electrical current passed along a given length of a
material. By doing so, Thomson established his first significant contribution to the world of
thermoelectricity through the introduction of the Thomson coefficient.263,264,266,267 However, this
coefficient is not considered to be as fundamental towards the understanding and development of
thermoelectric materials, as is the Seebeck and Peltier coefficient. Thomson did however make his
name known in this area through the work he did relating the three thermoelectric coefficients (i.e.
Seebeck, Peltier, Thomson).268,269 These relations are given by Equations A.3 and A.4, where τ is
the Thomson coefficient.

𝛱 =𝑆∙𝑇
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At the time, these equations were based off of reversible thermodynamics. Upon the
realization that thermoelectrics worked off of the basis of irreversible thermodynamics, researchers
put forth much effort to revise these fundamental thermoelectric equations in order to account for
the irreversible nature of a thermoelectric material.265 These equations remain unchanged in the
face of irreversible thermodynamics.267,270 Many others came after Seebeck, Peltier, and Thomson,
further solidifying the theories of thermoelectric energy conversion, their relationships with
irreversible thermodynamics, and the characterization of many well-known thermoelectric
materials.
A.2

The Thermoelectric Circuit and Understanding Efficiency

To begin the presentation of the theory that governs thermoelectric phenomena, it is
imperative to understand how the basic thermoelectric circuit is constructed and works in order to
understand where the improvements need to be made. As such, a basic schematic of this circuit is
presented in Figure A.2. The thermoelectric circuit is constructed of two legs: a p-type leg, where
holes are the majority carrier, and an n-type leg, where the electrons are the majority carrier.
Historically, these legs are made out of semiconducting materials. There are a variety of reasons
that semiconductors are preferred over highly conducting metals, but it emanates from the
electronic band structure of the metals and the need for each leg of the circuit to possess a majority
carrier type of either electrons or holes.265,271,272 When a large thermal gradient is maintained across
each leg of the thermoelectric couple, temperature based diffusion of the electronic charge carriers
will create a buildup of charge at the cold end (i.e. the Seebeck effect). Maintaining this buildup
of charge is essential and is why a material possessing low thermal conductivity is needed for
thermoelectric material design. A highly thermally conductive material would not be able to
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maintain such a buildup of charges at the cold end. This also gives the reason behind the need for
a material to possess either holes or electrons as the majority carrier, and not both. If a material
possesses both carriers in equal amounts, there will be a net neutral charge at the cold end and an
electrical circuit is not achieved. It is also essential for a material to have good electrical transport
properties. Without it, there will not be a high enough concentration of carriers within the material
and the mobility of such carriers will be so low that it is near impossible to create a Seebeck effect
within a material.

Figure Error! No text of specified style in document..2 Basic thermoelectric circuit.
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Efficiency of a thermoelectric circuit is often described by a dimensionless figure-of-merit,
ZT, which is given by Equation A.5.21,264,266,267 When a ZT value is found to be larger than 0.5,
the material being considered can be considered a thermoelectric material.265 This ZT value takes
into consideration all of the above characteristics and depicts the mathematical relationship
amongst them. With this relationship, significant differences begin to emerge and provide the basis
for improvements of thermoelectric material technologies. First, the thermoelectric power factor
(S2σ), or thermopower, needs to be high while the total thermal conductivity (κe + κl) needs to be
low in order to achieve a high ZT and subsequently, a high efficiency (Equation A.6).

𝑆2𝜎

𝑍𝑇 = (𝜅

𝑒 +𝜅𝑙 )

∆𝑇
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ℎ
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𝜇

𝑇 = 𝑒𝑇(𝑆 2 𝑛) (𝜅 )
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Where ZT is the dimensionless figure of merit, S is the Seebeck coefficient [units], σ is the
electrical conductivity [units], T is the temperature [K], κe is the electrical component of thermal
conductivity [W/m∙K], κl is the lattice component of thermal conductivity [W/m∙K], e is the
elementary electric charge [1.602 x 10-19 C], n is the carrier density [units], μ is the carrier mobility
[units], η is the efficiency [units], Th is the hot side temperature, and ΔT is the observed thermal
gradient across the material.
Diving deeper into what governs the thermopower, it is found that there are some
fundamental contradicting relationships which keep thermoelectric efficiency low and operating
significantly below the ideal Carnot engine, a comparison often made in this field. First, the
Pisarenko relationship says that if we increase the carrier concentration in the respective material,
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it will significantly increase the electrical conductivity observed but that happens at the expense
of the Seebeck coefficient. The Wiedemann-Franz law describes the relationships between the
electrical and thermal conductivity stating that increasing the electrical conductivity of a material
simultaneously increases the thermal conductivity of the material by means of the electronic
contribution to thermal conductivity (i.e. κe). Defects have been found to be able to keep the lattice
portion of the thermal conductivity (κl) low, minimizing the total thermal conductivity observed
even if the electronic contribution has increased.261,273,274 However, these new defects in the
material designed to reduce κl simultaneously decrease the carrier mobility. Finally, a high
effective mass can be imparted on a thermoelectric material in order to increase the Seebeck
coefficient; however, this simultaneously decreases the mobility as well.274
To present a tangible example of the above operation and limitations, the discussion can
be refocused to the use of thermocouples in everyday applications. Thermocouples operate exactly
based on the Seebeck effect. The cold end of the circuit is known, the hot end is the temperature
to be measured. The couples are then connected to a device that can monitor and amplify the
voltage change and determine the unknown temperature. A single modern day thermocouple based
off of semiconductors can produce a few hundreds of μV/K of electricity.265
A.3

Irreversible Thermodynamics

As mentioned in the introduction of this proposal, the early days of thermoelectric theory
relied on the assumption that thermoelectrics operated off of the basis of reversible (i.e.
equilibrium) thermodynamics.265 As thermodynamic theory developed itself and anomalies were
found in the measured thermoelectric behavior, research into the area of thermoelectric theory
proved that it was actually irreversible (i.e. non-equilibrium) thermodynamics that governed the
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operation of thermoelectric materials.268 This section begins to provide insight into the
thermodynamics of thermoelectricity.
The three main considerations governing thermoelectric behavior were presented as the
Seebeck effect, Peltier effect, and Thomson relations. These considerations introduced
thermopower, solid-state refrigeration, and the interrelation between the two based off of
reversible heat generation, respectively. Advancement into the irreversible thermoelectric
thermodynamic phenomena began with Onsager in 1931, who first proposed that for linear
differential equations, there was a symmetry constant.270,275 He proved that for equations such as
Fourier’s or Ohm’s law, a constant Lik is equivalent to Lki in irreversible processes and enable the
successful application of such fundamental differential equations such as Fourier and Ohm. And
from this development came the Kelvin, Nernst, and Ettinghausen relationships which describe
the irreversible thermodynamic relationships among the basic thermoelectric principles, the
thermomagnetic effect on the Seebeck coefficient, and the thermomagnetic effect on the Peltier
coefficient, respectively.265
The Kelvin relationships are the best known example of the symmetry relationships
presented by Onsager. The first relationship is traditionally known to relate the Seebeck and Peltier
coefficients and is presented in Equation A.7.267,269

∝𝑎𝑏 =

𝛱𝑎𝑏⁄
𝑇
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Where αab is the irreversible Seebeck coefficient, Πab is the irreversible Peltier coefficient,
and T is the temperature in K. Recent investigation into the understanding of the first Kelvin
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relationship support the notion that the relations should be treated as fundamental, and not just as
a convenient form of which to report how the Seebeck and Peltier coefficients are interrelated.269
Instead, these authors show the first Kelvin relation demonstrates the energy conversion from heat
into work and the heat flux reorganization due to the variations of the Seebeck effect within the
material. The second Kelvin relationship is associated with the microscopic reversibility and brings
forth the lesser utilized Thomson coefficient of thermoelectricity.265,276 This relationship is
described in Equation A.8 where τi is the Thomson coefficient.

𝑑𝛼𝑎𝑏
𝑑𝑇

=

𝜏𝑎 −𝜏𝑏
𝑇
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Nernst was the next big name to contribute to the development of thermoelectric theory
due to his significant contribution to the early years of thermodynamics (i.e. the Nernst Heat
Theorem and 3rd Law of Thermodynamics).275 In his work for thermoelectricity he found that the
Seebeck coefficient had a magnetic component and devised the relationship between magnetic
field and Seebeck coefficient. Ettinghausen similarly found a relationship between the observed
magnetic field and Peltier coefficient.267 Both equations are presented here in Equations A.9 and
A.10, respectively.

𝐸𝑦

|𝑁| = 𝐵𝑧⁄𝑑𝑇
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𝑑𝑥
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Where |N| is the Nernst coefficient, |P| is the Ettinghauser coefficient, E y is the transverse
magnetic field, dT/dx is the longitudinal thermal gradient, Bz is the magnetic field, Ix is the
longitudinal current, and dT/dy is the transverse thermal gradient. Less is known about the origin
of these effects and how they would be applied towards the development of the material proposed
within this research. This is something that will be investigated further.
A.4

Nanostructuring Thermoelectric Materials

With the onset of quantum physics theories, processes within the scientific world have been
placed under the microscope to determine if quantum confinement principles, often achieved
through nanoscale manipulation, could revolutionize the process being considered. It is no surprise
that the world of thermoelectric research has also witnessed such behavior and has actually found
that nanoscale manipulation actually does revolutionize the field of thermoelectricity.274 In the last
two decades, experimental small-scale ZT values have been found to nearly double in value in
some cases since the onset of applying quantum confinement principles to thermoelectric material
development, as can be seen in Figure A.3.274 But the question becomes, how does this quantum
confinement actually work to benefit thermoelectric behavior and can we explain such behavior
well enough to allow for the highly specific nanoscale engineering of future thermoelectric
materials, which could lead towards creating ideal materials for highly specific applications? Due
to the ever-evolving nature of quantum theory and understanding of nanoscale phenomena, these
questions become difficult to answer. However, there has been significant research into nanoscale
thermoelectric materials and theories resulting in fundamental nanoscale thermoelectric behavior
is beginning to be realized. Some of the work discussed within this chapter presents some of these
findings. It should be noted that it can be expected that over the course of the next two years, (the
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anticipated timeframe for the proposed research), this area will be developed and presented in the
findings of the final dissertation report.

Figure Error! No text of specified style in document..3 Development of thermoelectric materials and concepts that
have greatly impacted the field. Reprinted from Ref. [5].

Breaking things down into the main concepts is the most effective method to introduce the
effects of nanostructuring on thermoelectric enhancement. Firstly, it is imperative to understand
how phonons and charge carrier can move throughout the material and how a nanostructured
material can alter such behavior.277 While there is still a large gap in fully understanding what is
happening to these mobile entities, many studies have explored this area and continue with ongoing efforts where a general knowledge of nanoscale transport properties can be
achieved.261,265,273,274 Quantum confinement is often the term that is used when discussing the
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transport characteristics of phonons and electrons at the nanoscale.278 Often, the nano-engineered
structure is such that the mean free path of transport can either promote or hinder the transport of
the phonons or electrons.274 This unique tailorability of the nanostructured material is what makes
it so promising for applications such as thermoelectrics where the often coupled behavior of
electrons and phonons need to be uncoupled. For example, in thermoelectric materials, it is
proposed that if the mean free path of the phonons is larger than the dimensions of the
nanostructured material, then the phonon scattering mechanisms will be abundant. Likewise, if the
mean free path of the charge carriers is smaller than the dimensions of the nanostructured material,
the electrical conductivity is not affected. In this manner, it is possible to decouple two parameters
that was previously thought to be impossible.261 In this manner, nanostructuring a material also
has a very large effect on the band structure of the resulting material, which is something that must
be considered as the band structure has a heavy influence on the thermoelectric behavior of such
a material.272 This is a topic that is not yet well understood.
The second important concept to understand about nanostructuring efforts is the
introduction of a large number of junctions, grain boundaries, defects, and impurities that become
incredibly important in the overall behavior of the material. Specifically, all of these new
microstructural characteristics introduce a very high density of interfaces within the material, all
of which significantly alter the nanoscale transport behavior and lead to a high density of probable
scattering sites for the phonons or electrons if not tailored and controlled properly.

261

However,

these new interfaces further support the efforts of decoupling the thermal and electrical behavior
at the nanoscale.
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Finally, it is important to understand how nanostructuring has shown to alter the
thermoelectric properties.2616,22,279 Briefly, the high degree of phonon scattering at the interfaces
of materials where the dimensions are smaller than the phonon mean free path (Lph), it has shown
to decouple the lattice and electronic contributions to the thermal conductivity. For the electrical
conductivity, the nanostructuring efforts alters the Fermi level of the materials while for the
Seebeck coefficient, it changes the density of states.272 Complicated formula and quantum
mechanics concepts can be researched heavily to gain a better more thorough understanding of
these efforts; however, that level of detail and theory is not discussed at the present time.
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